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SYNOPSIS
Aluminium - 10% magnesium alloy slurries with a range of non-dendritic 
globular microstructures have been produced by powder processing routes.
These processes have also been used to include various fractions of ceramic 
fibre. Billets of these materials have been reheated into the semi-solid range 
and pressure die-cast using a cold-chamber machine adapted for this purpose. 
The quality of the castings has been shown to depend on the fraction of solid 
present on die injection and the influence of the processing conditions on the 
solute distribution, and hence the fraction of solid, has been considered.
The microstructure of the castings indicates that pockets of liquid may form 
inside the solid particles during the reheating stage and it has been shown 
that this phenomenon arises from the development of a solute supersaturation 
combined with the availability of intragranular nucleation sites.
The transformation strain associated with this is high, but the strain energy 
is reduced to levels low compared with the driving force available by plastic 
relaxation of the matrix around the pocket. Intragranular liquation may 
therefore affect the effective fraction-solid vs temperature characteristics of 
the system.
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Chapter 1 
INTRODUCTION
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1.1 HISTORICAL CONTEXT
Present concepts of processing metals as semi-solid slurries date from the 
early 1970's as a result of a program set up at the Massachussetts Institute 
of Technology (M.I.T.) to characterise the properties of partially solid alloys. 
The purpose was to provide information on the mechanical behaviour of the 
dendrite arrays formed in relation to hot-tearing phenomena. Feeding in the 
semi-solid range may be obstructed by the formation of interlocking dendrite 
skeletons, and hot-tearing arises if liquid metal cannot be fed to the casting 
as solidification proceeds; the volume contraction associated with freezing in 
metals generates considerable strain which is accomodated in regions of highly 
localised deformation in the mechanically weak semi-solid zone as tearing 
occurs in the interdendritic liquid. The development of hot-tearing may be 
relieved by two possible types of solidification process. One possibility is 
that pressure be directly applied during freezing to force the feeding (as in 
squeeze-casting) and the other approach is based on the modification of the 
solidification morphology to prevent the formation of the dendrite skeletons.
Spencer et al (1972) demonstrated that vigorous agitation of a Sn-15%Pb alloy 
during solidification postponed the formation of a continuous solid network to 
much higher fractions solid, with the result that the structure could deform 
uniformly in response to shear. Xetallographic examination of the solidified 
structure indicated that the primary phase had a globular instead of dendritic 
morphology; the distribution of solid as a fine-grained particulate suspension 
makes possible the slurry-like flow behaviour in which the shear stresses 
required to sustain continuous deformation are some 2-3 orders of magnitude 
lower than those required to initiate deformation in a dendritic material at an 
equivalent solid fraction.
The authors commented in the first paper that the slurry-like nature of the 
liquid-solid mixture under shear suggests possible applications in existing 
casting processes and also in the development of new processes. The use of a
- 13 -
slurry in casting operations was perceived to be potentially advantageous for 
the following reasons:
1) Shrinkage porosity may be reduced since there is less liquid left to 
freeze and therefore less volume fraction to be accomodated.
2) The requiremement for heat transfer to the mould is reduced since much 
of the latent heat has already been removed.
3) Casting temperatures are reduced.
The critical feature of the microstructure is really the solute distribution, 
since this controls the fraction solid at any temperature in the freezing 
range. This distribution is effectively frozen in when the slurry is cast and 
leads to the formation of a useful structure on reheating.
The fundamental investigation of slurry behaviour was continued by Joly and 
Kehrabian who produced in 1976 what has come to be regarded as a definitive 
paper on the rheology of partially solid alloy.
Keanwhile, the potential processing applications were being investigated and 
developed by Mehrabian and Flemings <1972) in response to the potential 
advantages offered. In particular, pressure die-casting had been identified as 
a process which could benefit from the use of a semi-solid slurry where 
improved cycle time, extended die life and possibly reduced casting defects 
could be expected. Diversification in process routes led to a specific 
terminology at M.I.T. to describe the particular slurry process as follows< 
Flemings et al, 1976);
1) Rheocasting: this refers to the formation and casting of semi-solid 
material which is subjected to high mechanical shear stresses during 
solidification.
2) Thixocasting: the die-injection of rheocast material reheated into the 
semi-solid regime.
3) Thixoforging: open die forging of reheated rheocast material.
- 14 -
4) Compocasting: rheocasting in which part or all of the primary solid phase 
is a dispersed ceramic added to the melt.
Researchers in the U.K. and elsewhere have tended not to use this terminology 
and generally use the term "stir-casting" to describe the basic process 
(Matsumiya and Flemings, 1981; Vogel, 1978; Apelian and Cheng, 1982).
1.2 TECHNOLOGICAL DEVELOPMENT
The potential advantages of forming with semi-solid metals resulted in rapid 
progress in the process development. A project was set up by the U.S. Defence 
Advanced Research Projects Agency (ARPA) at M.I.T. with the objective of die- 
casting ferrous alloys, which is not possible with conventional casting. This 
required the development of a high temperature rheocaster. Progress may be 
summarised as follows (Mehrabian et al, 1979);
1973 Rheocasting of copper alloys 905 and 836.
1974 Rheocasting of eutectic cast iron.
1975 Rheocasting of 440A Stainless Steel
440C Stainless Steel
Hypereutectic cast iron.
M2 Tool Steels.
H531 Cobalt Superalloy.
In 1974 the machine casting system was successfully tested and predictions of 
significantly reduced turbulence were confirmed by direct observation 
(Flemings et al, 1976). Backman et al (1977) developed computer simulations 
of die thermal behaviour which, in conjunction with experimental measurements, 
demonstrated a large drop in maximum die face temperature with the machine 
casting of semi-solid material instead of superheated liquid. This supported 
the promise that die life might be extended through reduced thermal shock.
- 15 -
In addition to the ARP A program at M.I.T., a similar project was initiated at 
the University of Illinois for the development of Thixoforging systems again 
with encouraging results (Mehrabian et al, 1979; Chen et al, 1979). 
Developmental work was also initiated at Pratt and Vhitney Inc. for the 
machine casting of turbine blades.
Progress in the field of semi-solid processing was reviewed in 1977 in a 
workshop session held at the U.S. Army Materials and Mechanics Research Centre 
(eds. French and Hodi). In spite of the relatively rapid development in this 
area and the establishment of a Rheocasting Corporation specifically set up to 
exploit semi-solid processing, no commercial production was to take place for 
some years. The difficulty lay in producing rheocast material at an economic 
rate. While the production of material had been demonstrated on a laboratory 
or pilot scale, it soon became clear that the throughput of these machines was 
inadequate for any realistic application, due to thermal limitations and also 
problems of control.
The M.I.T. type of rheocasting machine was a linear development and evolution 
of the concentric cylindrical viscometer first used to generate slurry for 
experimental purposes; this configuration was subject to certain limitations 
which had become apparent. Much of the development on semi-solid processing 
was aimed at improving the engineering of the existing type of rheocaster 
instead of optimising the actual method of generating the structure. A 
possible solution to the problem lay in devising a new method of production 
and this was to be drawn from the technology of continuous casting.
Development of a continuous casting route on a commercial scale could only be 
undertaken by the larger corporations and the interests at stake meant that 
very little information was made available in the open literature.
In this case, patent documentation provides an indication of the most 
significant developments and some of these are briefly considered here.
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A developmental program was set up at the Fulmer Research Institute where the 
first objective was to continuously cast aluminium base alloy to give a fine 
globular structure and the second objective was to reheat this material into 
the semi-solid state for the production of die-cast components (Brook, 1982). 
Instead of using a mechanical stirrer to produce the slurry, the Fulmer 
process uses the turbulent flow of a solidifying alloy around baffles to 
generate the structure; the shears actually generated are much less than those 
associated with the M.I.T. type of rheocaster. A similar approach is also 
described in FIAT patents (UK Patent GB2051597B, 1980). The essential feature 
of the method is that globular structures are formed by the coarsening of fine 
dendritic structures. This aspect of the processing is emphasised in a patent 
filed by Aluminium Pechiney S.A. (UK Patent GB1556887, 1977). In the U.S.A. the 
M.I.T. licensing rights have been sold to the ITT Corporation where 
electromagnetic stirring in the mould region has been developed to generate 
globular material (European Patent E0069270, 1982).
In summary, the technique of stir casting, based on a requirement of high local 
shear stresses and local heat extraction, is subject to a number of intrinsic 
process limitations which are not suited to high production rates. Many of 
these difficulties arose from an inadequate understanding of the behaviour of 
semi-solid material - in particular, recent research has emphasised the 
importance of isothermal coarsening and, in contrast, demonstrates that high 
shear rates are not necessary for the formation of a globular microstructure. 
This is reflected by the trend in commercial development where the present 
implementation of semi-solid processing is already far removed from the 
original M.I.T. type process.
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1.3 OBJECTIVES AND ACHIEVEMENTS IN THIS STUDY
The initial objectives in this study were to generate a well defined range of 
semi-solid alloy structures in sufficient for quantity for subsequent die- 
injection (using the facilities made available at the Fulmer Research 
Laboratories), for the following reasons;
1) To improve as far as possible the understanding of the behaviour of 
semi-solid material during die injection.
2) To investigate the influence of the slurry structure on the casting 
structure and possible defects associated with it.
It was initially decided to generate a semi-solid alloy slurry by the method 
developed by Flemings et al at M.I.T. in which a globular morphology is 
obtained by shearing the material during controlled solidification. To this 
end, a stir-casting machine was constructed but although approximately half of 
the project was spent in developing this, operating experience soon led to the 
conclusion that the process was difficult to control and not well suited to the 
production of material with controlled structures in suitable form for die- 
injection .
Material with the appropriate globular microstructure for die injection was 
subsequently successfully produced using a process based on a powder 
processing route, in which blended powders are heated to supersolidus 
temperatures and then hot-pressed. Much of the experimental work in this 
study has been devoted to the development and characterisation of this powder- 
based process. In particular, the role of the solute partition state in 
controlling the variation of the fraction solid with temperature was 
considered, and it has been shown that the instantaneous fraction solid 
depends strongly on the thermal history associated with the processing.
Some attempts were made to characterise the impact deformation response of 
these slurries using an isothermal impact viscometer, based on an instrumented
- 18 -
falling weight test. However, this was not successful due to a number of 
design difficulties and this is not further discussed in this thesis, although 
it is considered that this type of test could prove to be useful in 
understanding the transient deformation response of these structures.
Features observed inside the prior solid globules present in the die-cast 
structures have been shown to be developed by the formation of liquid pockets 
as a result of a solute supersaturation which is developed in the processing. 
These pockets nucleate on aluminium-iron intermetallics present in the air 
atomised aluminium powder used in the process. It has been shown that the 
transformation strain associated with this intragranular liquation is relieved 
by plastic relaxation of the matrix so that the transformation strain energy 
becomes low compared with the thermodynamic driving force; growth of the 
pocket can take place at low supersaturations. The effective fraction of 
liquid (available for fluidising the solid during die-injection) is therefore 
I lower ' than expected; this may have a significant effect on the injection 
behaviour.
The powder process route also made possible the fabrication of billets and 
castings loaded with ceramic fibres so that some experimental die-injection 
work with metal-matrix composites has also been undertaken. Inhomogeneities 
in the fibre distribution tend to develop in the billets but the castings 
structures indicate a more homogeneous distribution of fibres.
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Chapter 2 
LITERATURE SURVEY
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2.1 SLURRY RHEOLOGY
Stir cast structures are disperse phase systems and as such it is useful to 
discuss their flow behaviour in the context of the rheology of disperse 
systems. This section reviews this area and examines the principal features 
of the rheology of semi-solid alloy slurries; this is followed by a 
consideration of the relationships between structure and rheology.
2.1.1 Rheological Classification of Fluids
The rheological properties of a fluid refer to the relationship between the 
applied shear stress and the shear strain in the'system. The different types 
of rheological behaviour, summarised on Figure 2.1, are defined as follows.
Hewtonian fluids;
The flow is Hewtonian when the shear stress is directly proportional to the 
strain rate. The constant of proportionality is the (dynamic) viscosity 
which is independent of the degree of shear and the strain rate (in the 
absence of any flow turbulence).
Hon-Hewtonian fluids;
These are subdivided into pseudoplastic, dilatant and viscoplastic categories. 
Pseudoplastic fluids are shear thinning so that the viscosity drops as the 
shear rate increases while the reverse is true for dilatant fluids which are 
characterised by an increasing viscosity as the shear rate increases. 
Viscoplastic (or pseudoplastic Bingham fluids) require a finite yield stress to 
initiate flow. Some non-Hewtonian fluids exhibit a time dependent viscosity 
which leads to the property of thixotropy which has been defined by Reiner 
(1960) as "that property of a body by virtue of which, the ratio of shear 
stress to the rate of deformation is temporarily reduced by the previous
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deformation". The temporal dependence of viscosity is recognised to 
distinguish the phenomenon from structural viscosity effects occurring in 
other non-Hewtonian fluids. However, there does seem to be some confusion in 
the literature between pseudoplasticity and thixotropy.
Both structural viscosity and thixotropy denote a fall in viscosity induced by 
a rise in the shear rate, with recovery of viscosity in a state of rest. The 
recovery is instantaneous with structural viscosity whereas the recovery 
requires time in the case of thixotropy; this arises from reversible structural 
changes in the fluid, for example flocculation or deflocculation. A classic 
example of pseudoplastic behaviour is the flow property of polymer melts; 
these exhibit rapid chain recoiling, leading to an elastic recovery on removal 
of the shear stress but even this cannot be strictly instantaneous and must 
have a finite relaxation time associated with it.
2.1.2 Rheology of Disperse Systems
The apparent viscosity of a suspension of particles in a suspending fluid is 
always greater than the viscosity of the suspending fluid itself. This is a
consequence of the perturbations to fluid flow around the particles which
\
result in the dissipation of flow energy as heat. The various factors which 
control the viscosity may be listed as follows;
1) Concentration of particles
2) Interactions between particles
3) Particle shape and size
4) Particle size distribution.
2.1.2.1 Concentration Dependence
Much effort has been spent in developing theoretical or empirical expressions 
for the viscosity of more concentrated suspensions in which the interactions 
become highly complex. A review of these studies has been given by Thomas
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(1965) in a compilation of published reduced viscosity data for various 
systems of non-interacting spheres.
The measured rheological property is the apparent viscosity, which allows the 
flow behaviour to be treated as if the fluid were Hewtonian. This may be 
expressed in dimensionless form as a relative viscosity which is the ratio of 
the apparent viscosity to the viscosity of the suspending fluid, so that 
comparison of data from a large number of experimental measurements on 
different systems is possible. Thomas' data is shown in Figure 2.2 and this 
curve is fitted to a semi-empirical expression of the form:
Vr = 1 + 2.5 i + 10.03 +0.0027 exp(16.6.*) t2.ll
Vr-: relative viscosity volume fraction of solid
As the concentration increases, the relative viscosity rises because of the 
increasingly complex hydrodynamic interactions that arise when shear is 
induced. These include particle collisions, particle rotations, doublet and 
higher agglomerate formation and mechanical interference between particles as 
the concentration approaches that of a packed bed. Ho simple model can 
account for the change in going from dilute to concentrated suspensions 
because of the change in mechanism taking place. This is implied in the 
expression given above in which the contributions from the first terms 
dominate at low volume fractions whereas the last term becomes more 
significant at higher volume fractions.
Although the relative viscosity begins to rise sharply as the volume fraction 
increases, the range over which the apparent viscosity is low enough for 
injection type semi-solid processing operations is appreciable because the 
viscosity of the suspending fluid itself (i.e. liquid metal) is very low - 
typically of the order of 0,002 Pa s (c.f, 0,001 Pa s for water at 300 K).
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2.1.2.2 Effect of Particle Size, Shape and Size Distribution
Hydrodynamic theory suggests that the absolute value of the particle size is 
not a significant variable in determining the viscosity, so that the relation 
given above includes no terms sensitive to particle dimensions. This is an 
oversimplification since it cannot be the case when the particle dimensions 
are of the order of the channel or orifice dimensions. Another limitation 
occurs when the particle dimensions are reduced to sub-micron levels so that 
surface forces begin to influence the flow, even with systems which are 
apparently non-interacting at higher particle sizes. In fact, the semi-solid 
slurry systems of practical interest all have particle sizes which are 
considerably greater than this so that this effect is not of great importance.
A more significant effect is the influence of the particle size distribution on 
the apparent viscosity. While the relative viscosity is independent of 
particle diameter in the case of monodisperse systems, there is a dependence 
on the size distribution which has been demonstrated using suspensions of 
particles with widely differing radii. For example, Eveson <1959) measured a 
6% reduction in relative viscosity with a four-fold variation in sphere size at 
a concentration of 0.2. This reduction in the relative viscosity becomes more 
pronounced at higher concentrations, and is especially significant at volume 
fractions in excess of 0.5, as shown in Figure 2,3. This reduction in 
viscosity has a theoretical foundation based on a calculation of the 
contribution to the viscosity of the small spheres flowing around the larger 
spheres (Farris, 1968) and it is related to the increase in packing density 
possible with a wide distribution of sphere sizes. Agreement between 
predicted and experimentally determined values is generally good.
This effect is currently being used in the related semi-solid processing 
technology in which mixed powder plastisols are injection moulded to form net 
shape green billets for sintering (Billiet, 1985). This technique uses a 
polymer as a plasticizer which is burned out prior to sintering. Sintering
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rates are increased and dimensional shrinkages are reduced if the volume 
fraction of the injected powder is as high as possible. Control and selection 
of the particle size distribution and the binder formulation gives a material 
which will flow satisfactorily under injection conditions with powder loadings
as high as 81 vol% (Issitt and James, 1985).
If the condition that the particles are spherical is relaxed, then the relative 
viscosity may begin to deviate significantly from that predicted from Figures
2.2 or 2.3. This is because the particle shape influences the effective 
fraction of solid since the effective hydrodynamic diameter of the particles 
increases as they become ellipsoidal (at constant volume) - dispersions of 
fibres with high aspect ratios display a rheological behaviour which differs 
considerably from that of dispersions of equivalent volume fraction of 
monodisperse spheres. Mechanical interference can occur in concentrated 
suspensions of particles with high aspect ratio and this can limit the loading 
of fibres in the fabrication processing of fibre reinforced material.
(Dendritic structures are inherently networked and so they can offer
considerable resistance to shear, even at very low volume fractions of solid;
this leads directly to the feeding problems and the development of hot- 
tearing) .
The rheology of concentrated suspensions of fibres is very sensitive to the 
methods of measurement and this has obscured the understanding in this area.
A survey of the behaviour in tube flow and a corresponding dimensional 
analysis is given in a review by Maschmeyer and Hill (1977); this emphasises 
the effect of the particle size distribution insofar as a small fraction of 
relatively long fibres has a dramatic effect on the suspension viscosity. An 
example of the viscosity vs fraction solid curves for a concentrated 
suspension of fibres is shown in Figure 2.4 and it may be seen that small 
changes in the fraction of solid have a large effect on the relative viscosity. 
This effect may well be masked if the suspending fluid is strongly 
pseudoplastic, as is the case with fibre-loaded polymer melts, since flow
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perturbations caused by the presence of the fibres causes increased local 
shear which decreases the mean viscosity and therefore offsets the viscosity 
rise due to the fibres.
2.1.2.3 Flow Properties and Particle Interactions
Suspensions of fine particles are rarely inert and the behaviour of many 
systems is strongly influenced by particle interactions. In the case of 
semi-solid slurries of alloys, direct physical interactions such as contact 
welding or sintering are of primary importance in determining the rheology of 
the system, especially at low shear rates. Highly interactive systems are 
frequently characterised by a pseudoplastic and in some cases a thixotropic 
behaviour, while at higher shear rates, the structure may be broken down so 
that the behaviour is controlled more by the hydrodynamic effects than the 
particle interactions. Under these conditions, the flow is dilatant so that 
the effective viscosity increases with increasing shear strain rate and this is 
almost certainly the case with the estimated strain rates of 107 per second 
which might occur during die injection.
2.1.3 Rheology of Metallic Alloys in the Semi-Solid Range
The deformation behaviour and rheology of alloys in the solidification range 
was investigated in a series of studies by Flemings and co-workers at M.I.T. 
using Sn-15%Pb as a model alloy (Spencer et al, 1972; Joly and Mehrabian, 1976; 
Laxmanan and Flemings, 1980; Seconde and Suery, 1984). Other systems have 
been investigated but not to the same extent (Mehrabian et al, 1979; Lehuy et 
al, 1985; H.I.Lee, 1983). Measurements at intermediate or high strain rate have 
been made using a concentric viscometer whereas measurements at low shear 
rates have been made using a parallel plate viscometer.
- 26 -
2.1.3.1 Shearing of Dendritic Material in the Semi-Solid Range
The study of material in the semi-solid range began with an investigation into 
the deformation properties of dendritic material so this is briefly considered 
as well as the rheology of non-dendritic material. The behaviour of dendrites 
in the semi-solid range under conditions of shear was investigated by Spencer 
et al (1972) using a modified concentric cylindrical viscometer. Measurements 
on dendrite arrays grown in situ indicated that when the samples are sheared 
at solid fractions greater than a critical value, the shear stress rises to a 
maximum before collapsing to a low value; the dendrite array has an apparent 
yield stress. This stress increases exponentially with fraction solid above 
0.15: below this value, the stress is barely measurable as the dendrites behave 
independently of each other and offer little resistance to the imposed strain. 
Vhen the fraction solid is high enough for the particles to lock, continued 
strain is accommodated by dendrite bending and in some cases, fracture. At 
higher strains, a preferred shear path develops and the measured stresses fall 
by as much as two orders of magnitude - this type of behaviour is shown in 
Figure 2.5. Subsequent metallographic examination indicates that the preferred 
shear path has many fine particles associated with it, which were assumed to 
originate from the fragmented dendrites.
Further work using parallel plate viscometers over a range of shear rates 
Suery et al (1984) examined the effect of structure and processing in greater 
detail. Vhile a continuous variation in behaviour was identified, the dendritic 
structures generally exhibit a more solid-like behaviour with respect to the 
existence of an apparent yield point and the localization of deformation 
strain.
2.1.3.2 Shearing of Material during Solidification
Vhen the material was subjected to continuous shear during solidification, the 
normal dendritic solidification morphology is modified to give a fine grained
- 27 -
particulate suspension; it is this change in structure which leads to the 
characteristic rheological behaviour of the system.
Observations of the quenched material in the annulus of the viscometer 
indicated a uniform microstructure with no evidence of localised shear, even 
for structures with fractions solid in excess of 0.5. In addition, the shear 
stresses necessary to maintain steady state flow were approximately three 
orders of magnitude lower than the effective flow stress of dendritic material 
of equivalent fraction solid.
Shear stresses are much lower with fine grained particulate suspension because 
deformation of the solid is not geometrically necessary for shear, except at 
particle necks if particles tend to adhere. This is not the case with 
dendritic material, where particle bending or fracture must be required for 
flow. This feature of uniform deformation in response to shear and the 
relatively low shear stresses required is far more characteristic of a fluid 
property than the deformation response of a dendritic solid-liquid array.
2.1.3.3 Effect of Fraction Solid on Relative Viscosity of Slurry
The increase in relative viscosity of an alloy slurry with fraction solid 
according to the data of Joly and Kehrabian <1976) is shown in Figure 2.6.
The form of the curve is similar to that of the non-interacting spheres as 
shown in Figure 2.2 but the relative viscosity is generally 1-2 orders of 
magnitude higher for equivalent volume fractions. The structures observed 
showed that the solid particles were globular with low aspect ratios and so 
the increased viscosity must be caused by interactions between the particles.
In this work, the viscosity and the fraction solid were determined using a 
concentric cylindrical viscometer; viscosity was calculated from a measurement 
of the angular velocity and the torque on the central bob and the fraction 
solid was calculated from the phase diagram of the appropriate alloy system
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using the Scheil equation. The maximum accumulated error in the torque 
measurement was estimated to be of the order of Q% for a typical fraction 
solid of 0.45 with a shear strain rate of 115 s-1 and the assumption that the 
fraction solid corresponds to the value predicted by the Scheil equation was 
examined by Molenaar (1983); it was found that the solute levels observed were 
higher than those predicted as a result of the accumulated effects of back- 
diffusion as the system relaxes towards the equilibrium state, However, even 
in the absence of this back-diffusion, the difference between the fraction 
solid predicted by the Scheil and Lever Rule conditions is not great - for 
example, in the case of the Al-6%Cu system at 900 K the fraction solid
increases from the Scheil value of 0.49 by 3% to the equilibrium value of 0.52.
2.1.3.4 Effect of Shear Strain Rate
The effects of shear rate on the measured values of the apparent viscosity
were determined for a range of structures; this leads to the important result 
that the apparent viscosity drops as the shear strain rate V increases, as 
shown in Figure 2.7. This effect is found to be most significant at higher 
volume fractions of solid and the measured values may be fitted to a classical 
power law model;
= kVn C2.2)
Different values of k and n were measured over an extended range of shear 
rates as different flow mechanisms begin to operate; n becomes less negative 
as the shear rate increases.
The change in apparent viscosity means that the slurry is classified as a 
pseudoplastic material. In addition, the changes in apparent viscosity with 
shear rate are found to be reversible with a well defined time dependence; on 
rapidly changing the shear rate from 150 to 400 s"1, for example, a new steady 
state value of the viscosity is only attained after a relaxation time of 
approximately 5 minutes. This was interpreted as a thixotropic property and 
was investigated by plotting shear stress - strain hysteresis loops with a
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standardised shear rate - time profile after allowing isothermal steady state 
structures to develop <Joly and Xehrabian, 1976).
Joly and Hehrabian found that the slurries were perceptibly thixotropic for 
volume fractions higher than 0.3; as the volume fraction decreases, the time 
dependence grows weaker and rest times of the order of several minutes are 
required before thixotropic behaviour occurs below fractions solid of 
approximately 0.3,
Laxmanan and Flemings (1980) investigated the rheological behaviour of 
reheated stir-cast material using a parallel plate compression viscometer 
under conditions of constant loading in which a viscosity parameter could be 
calculated from the stress-strain curve generated. This work was also based 
on the same alloy system used with the earlier studies using a concentric 
cylindrical viscometer, and extends it into a regime of measurement at lower 
strain rate. Both stir-cast and dendritic structures have been studied using 
this technique.
Laxmanan et al fitted their data to an Ostwald-de Vaele power law model so 
that the apparent viscosity is empirically related to the shear rate and 
the fraction solid as follows;
= A.exp<B.f.>iCCfSi-D > [2.33
In the range 0.3<fs<0.6, the following constants were determined;
A = 1.05 Pa s B = 20.6
C = 1.78 D = 1.39
This relation describes the rheology fairly accurately over a limited range, 
and a similar relation describes the rheology at higher strain rates although 
the characteristic constants are different, as may be seen from Figure 2.8.
This reflects the difference in deformation mechanisms over the range of shear 
rates.
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The Theological behaviour of non-dendritic, or reheated rheocast material was 
also compared to that of dendritic material. The earlier trends identified by 
Spencer et al were found to be valid; forging pressures (defined as the 
pressure required to generate a given degree of deformation in a given time) 
for the non-dendritic material were found to be reduced by some three orders 
of magnitude relative to those required with semi-solid dendritic material.
At very low strain rates, the type of deformation may correspond to some kind 
of liquid phase enhanced creep. This has been investigated by Pharr and Ashby 
using porous KC1 or sucrose as a model system (Pharr and Ashby, 1983; Sheikh 
and Pharr, 1985). Although the fractions solid used in Pharr and Ashby's 
experiments are much higher than the upper limits reported with non-dendritic 
alloy studies, and the system chemistry is very different, some of their 
conclusions are probably relevant to the low strain rate behaviour of alloy 
slurries - i.e. that solution reprecipitation is an essential requirement for 
liquid phase enhanced creep. In addition, segregation of solid and liquid can 
occur during slow compressive deformation so that local fractions solid may 
approach the values used in Pharr and Ashby's study.
2.1.3.5 Influence of Process Variables
One of the most significant process variables is the cooling rate imposed on 
the material during the early stages of solidification. Increasing the cooling 
rate causes an order of magnitude increase in the apparent viscosity over the 
range 0.33 to 25 K s-1. This is caused by the influence of the cooling rate 
on the structure and this emphasises the controlling influence of the slurry 
structure on the Theological behaviour. In accordance with the general 
principles of solidification processing, the cooling rate is the principal 
variable controlling the primary particle size distribution (Kattamis et al, 
1967; Brody and Flemings, 1966; Young and Kirkwood, 1975) - the average size 
of primary particles decreases as the cooling rate increases. Measurements on
the Sn-15%Pb system indicated that the globule size was typically of the order
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of 200 pm at a cooling rate of 0.33 K s-1 dropping to approximately 50 pm for 
a cooling rate of 25 K s_1.
The shear rate applied during solidification exerts less influence over the 
structure than the cooling rate; for example, an increase in the shear rate 
from 200 to 800 s-1 causes the mean particle size to decrease from 
approximately 300 pm to 200 pm. The interpretation of this is that shearing 
can break up the dendrite array but only to a limit represented by the 
secondary dendrite arm spacing. However, the effect of the shear rate on the 
structure becomes less significant at higher cooling rates.
Different processing conditions lead to various particle morphologies in terms 
of the degree of dendrite| branching and the formation of occluded liquid.
The degree of dendriticity is always higher with the structures generated at 
the higher cooling rates, decreasing as the shear rate increases. The same 
trend also applies for the amount of entrapped liquid formed, measured as 13% 
and 2% for cooling rates of 25 and 0.33 K s-1 respectively; this drops to 
negligible proportions as the shear rate is increased at the slower cooling 
rate.
The overall effect of the processing conditions is that the lower cooling rates 
generate larger, smoother and more uniform particles containing less entrapped 
liquid because of the effects of enhanced coarsening at lower cooling rates.
2.1.4 Relation between Structure and Rheology
The phenomenon of pseudoplasticity in the slurry has been interpreted in terms 
of particle interactions i.e. the tendency of particles to form clusters. In an 
isothermal <as opposed to solidifying) system, a dynamic equilibrium is 
assumed to exist between the rates of structural build-up and breakdown; 
build-up is due to aggregation driven by the tendency of particles to decrease 
their surface energy and breakdown of these clusters is due to the progressive
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action of fluid body forces. At low shear rates, the equilibrium is in favour 
of large particulate clusters, which causes the immobilisation or occlusion of 
a significant fraction of the liquid so that the effective volume fraction of 
the solid is larger than the real fraction; the effective fraction of liquid 
increases and so the viscosity drops. This effect reaches saturation when all 
the clusters have been broken down and further increase in the shear rate can 
only cause an increase in the, effective viscosity due to the onset of 
structural turbulence as with the dispersions of non-interactive particles; 
the rheological behaviour is determined by the particle interactions at low 
shear rates and by hydrodynamic effects at high shear rates. Slurries with 
high fractions of solid require less time for the structural build-up because 
the higher particle density leads to more frequent contacts. This type of 
behaviour has been investigated in studies on liquid phase sinterered 
structures (Hiemi and Courtney, 1983; Courtney and Lee, 1980).
2.1.5 Deformation Behaviour
The effect of deformation on semi-solid structures has been investigated for 
both dendritic (Suery and Flemings, 1982; Laxmanan and Flemings, 1980, Pinsky 
et al, 1984; Yoshikawa and Aseada, 1980; Taha and Suery, 1984) and non 
dendritic material (Laxmanan and Flemings, 1980; Seconde and Suery, 1984).
The principal features of these investigations are briefly considered.
Laxmanan (1980) studied the behaviour of various semi-solid Sn-15% Pb 
structures in compression using a parallel plate viscometer under load control 
and differentiated between the response of columnar, equiaxed and non-dendritic 
structures. Deformation behaviour was qualitatively identified in terms of 
susceptibity to cracking and the tendency for solid and liquid to segregate,
Hon-dendritic structures were found to be least prone to cracking and solid- 
liquid segregation whereas equiaxed and columnar structures became 
increasingly susceptible, requiring higher stresses to achieve a given degree 
of deformation. Suery and Flemings (1982) extended this study using a 
compression apparatus under strain control; in this context, the deformation
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response was considered in terms of a strain-rate dependent yield stress as 
well as the viscosity parameter used by Laxmanan. Segregation of solid and 
liquid during compression was also studied using quantitative image analysis.
It was established in this analysis that the deformation of semi-solid 
dendritic material (as well as non-dendritic material) could be characterised 
as pseudoplastic behaviour. The power law describing the behaviour is
p = mY"-1 [2.43
n=0.23, m is of the form m = a exp(bf»)
The value of the strain rate index n is significant since the value determined 
is in agreement with that measured for pure tin and other metals at high 
temperature; this suggests that the deformation is controlled by the primary 
solid phase through the highly interconnected structure.
The tendency for solid-liquid segregation was found to be sensitive to the 
imposed strain rate; a high degree of segregation occurs at very low strain 
rates. The susceptibility to segregation at low deformation rates has also 
been investigated by Lux and Flemings (1979) and Goodwin et al (1980) in a 
configuration designed to refine the material by squeezing out interdendritic 
liquid containing segregated impurities.
The influence of structure type (ranging from coarse dendritic through fine 
dendritic to non-dendritic) on the deformation response is shown in Figure 2.9.
2.1.6 Effect of Structural Evolution on Deformation Properties
The influence of coarsening and structural changes during deformation have 
been further investigated by Seconde and Suery (1984) with reference once more 
to the Sn-15%Pb system. The deformation characteristics were determined for 
structures generated by holding in the semi-solid field for various times.
The various effects identified as contributing to the evolution of the 
structure (depending on the initial structure) were:-
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1) Dendrite arm coarsening
2) Particle coalescence
3) Lifshitz-Slyozov-Vagner (LSW) type coarsening
All these processes are driven by the associated reduction in surface energy, 
and are considered in the section on slurry stability.
The essential point is that fine dendritic structures experience considerable 
changes in structure as they are aged in the semi-solid range under isothermal 
conditions. This causes changes in the fraction of occluded liquid and it is 
observed that this drops to a minimum after a time interval required for a 
characteristic evolution in the structure, corresponding to the disappearance 
of secondary dendrite arms. With fine structures, this can take place over a 
time scale of only a few seconds or minutes and further ageing results in an 
increase in the fraction of occluded liquid as particles begin to sinter 
together, followed by a final decrease as spheroidisation takes place. The 
changes in the effective fraction of liquid resulting from these structural 
changes can be very significant; for example, Suery reported that the effective 
fraction of liquid in a fine dendritic Sn-15%Pb structure held at 457K drops 
from 0.37 to 0.18 after isothermal holding for 6 minutes as shown in 
Figure 2.10.
Seconde and Suery correlated these structural changes with changes in the 
specific forging pressure measured as the material is aged for different times. 
This specific forging pressure was taken as that produced when a strain of 0.3 
was impressed at the rate 0.003 s""1. The marked reduction in the effective 
fraction liquid leads to an increase in the characteristic stress level, which 
subsequently drops as the final spheroidisation takes place after 
approximately 30 minutes; further coarsening proceeds extremely slowly and has 
very little influence on the characteristic stress.
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2.1.7 Summary
The Theological behaviour of material in the semi-solid range depends on the 
fraction of solid and its structure. These properties vary continuously as the 
structure varies between the limits of fully dendritic and degenerate globular, 
and the phenomena of pseudoplasticity and thixotropy are also caused by 
structural changes resulting from the application of shear. Globular 
structures with low apparent viscosity at high fractions solid may be 
generated by applying shear to the liquid during the solidification.
The deformation properties vary in a similar manner to the Theological 
properties and display the same type of continuous variation between fluid­
like properties and solid-like properties. Globular or degenerate structures 
are required to avoid the localisation of deformation strain and attendent 
cracking, while gross separation of solid and liquid is associated with 
deformation at low strain rates. This indicates that forming processes 
employing globular material under conditions of high strain-rate deformation 
are most appropriate to exploit the potential advantages of semi-solid 
processing.
2.2 CRYSTAL GROWTH AND MELTING STABILITY
2.2.1 Crystal Growth Stability
The tendency of a planar interface to break down as a result of the 
interactions of the thermal and solute fields during the solidification of an 
alloy has received considerable attention. The most important features of the 
phenomenon are accounted for by the stability analysis of Mullins and Sekerka 
(1964) which has been given in a simplified form by Kurz and Fisher (1985).A 
more comprehensive treatment has been given by the Langer and Muller- 
Krumbhaar analysis (1978). These analyses involve the determination of the 
evolution of a small interfacial perturbation as a function of the local
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thermal and solute fields; this is in a time-independent form in the simple 
treatments and in a time-dependent form in the more complete analysis.
The condition of the interface depends on the balance between the stabilising 
and the destabilising effects. In effect, destabilisation arises from the 
interaction between the applied thermal field and the solute concentration 
gradient caused by solute partitioning at the interface to create an 
undercooled zone. This is opposed by the stabilising effect of solute 
diffusion which reduces the concentration gradients, and the effect of 
interfacial curvature through the Gibbs-Thompson effect. The analysis predicts 
that the stability of the interface depends on a stability function S(u) which 
must be negative for complete stability. This stability factor is a function 
of the interface condition (defined in terms of the temperature gradients and 
growth velocity) and the appropriate thermophysical constants, including the 
thermal and solute diffusion coefficients, partition coefficient, melting 
temperature and surface energy and the perturbation wavelength o. The 
dependency on g> indicates that the interface may be unstable but only over a 
limited range of wavelengths.
The analysis of Mullins and Sekerka predicts two stability limits to the 
growth behaviour; the lower limit applies where the growth velocity is low and 
this reduces to the limit of constitutional undercooling proposed by Tiller et 
al (1953) if the thermal conductivity of the solid and liquid phases are equal. 
The opposite limit is the condition of absolute stability, which applies when:
v«fc>» > AToD/kf [2.53
ATo; freezing range k; distribution coefficient
D; liquid diffusion coefficient T; Gibbs-Thompson coefficient
Substitution of values for typical metallic systems shows that interface 
velocities necessary for absolute stabilty are high (of order of 1 m s-1), but 
these can be achieved by rapid solidification techniques.
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Under the conditions encountered in ordinary casting processes, however, the 
interface advances into the melt in the regime of instability so that planar 
interfaces are expected to break dowm. In the case of an isolated sphere 
growing in a slightly undercooled melt, the growth pattern is intrinsically 
unstable because heat can only be removed by radial conduction in the liquid, 
so that the temperature gradient ahead of the interface is negative. Moreover, 
the effect of fluid flow on the stability has been examined by Vogel and 
Cantor (1977) by means of a boundary layer theory; for a given undercooling, 
the extent of the solute enriched boundary layer is decreased by stirring, the 
solute gradient becomes steeper and so the interface becomes more prone to 
unstable behaviour.
2.2.2 Interfacial Stability in Melting Processes
Interfacial stability behaviour during melting is of great importance since 
semi-solid material is frequently prepared for processing by reheating 
globular material into the semi-solid range for subsequent processing. It is 
frequently assumed that melting behaviour is morphologically stable and this 
assumption is mow examined.
If the principles of constitutional undercooling are applied to a system in 
which the heat flow is causing the interface to melt, then it is possible to 
predict the existence of a solid region adjacent to the interface which should 
be in a condition of constitutional superheating. The formation of this zone is 
shown in Figure 2.11; it arises because of the coupling of the solute field at 
the interface - this time on the solid side, with the thermal field in exactly 
the same manner as with the constitutional supercooling effect. Given that 
constitutional supercooling leads to the breakdown of the planar interface, it 
might be expected that the development of a superheated zone in the solid 
would also lead to destabilisation and breakdown of the interface. If this 
were the case, then globular material which is reheated into the semi-solid 
range for reheating would be prone to the formation of inverse dendrites in
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which the solid is penetrated by intrusions of liquid as the interface breaks 
down. Inverse dendrites have been generated in ice crystals as "Tyndall stars" 
by focussing sunlight onto a suitable nucleus in the solid (Makaya, 1956). The 
behaviour of the melting interface has been studied by Woodruff (1968, 1973) 
and Verhoeven and Gibson (1971, I & II), Woodruff applied the time- 
independant interface stability analysis developed by Mullins and Sekerka to 
the melting behaviour of a planar interface in a binary alloy in which the 
diffusion in the solid is also considered. The evaluation of S(ci>) demonstrates 
that the onset of constitutional superheating is a necessary, but not 
sufficient condition for the onset of interfacial instability, and that the 
extent of the instability is much more restricted than that of constitutional 
supercooling.
The physical reason for the greater stability of the melting interface relative 
to the solidifying interface is that solute diffusion in the liquid contributes 
to the stabilty as well as the diffusion in the solid; this contrasts with the 
behaviour of the solidifying interface in which the behaviour is almost 
entirely controlled by the diffusion in the liquid only.
2.2.3 Formation of Dendritic Structures and Influence of Coarsening
The dendritic microstructure normally observed in castings is controlled by 
two processes. Firstly, the morphological size scale of the nascent dendrites 
is controlled by the prevailing growth conditions. !
Secondary dendrite arms develop from morphological instabilities near the 
dendrite tip to give spacings which scale with the dendrite tip radius and 
hence with the local solidification rate. Secondly, the observed 
microstructure depends on the extent of coarsening that the structure has 
experienced during solidification. This too may be correlated with the local
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solidification time so that the finally observed structures have dendrite
spacings which are a function of local solidification time. Most of the
available data on dendrite coarsening is with reference to the behaviour of
secondary arms; primary arm spacings do not change appreciably during
solidification coasening. (However, in a typical branched dendritic structure,
it is in any event often difficult to identify the primary arms, particularly
when the growth is not strongly directional). Primary spacings have been
extensively investigated by Young and Kirkwood in the Al-Cu system (1975) in
which they are found to fit an identity of the form:
di = Gi_-» R“b C2.63
Gl_: temperature gradient in liquid 
R : growth velocity
The values of a and b were found to be close to 1/2. Rote that the product 
G.R is the local cooling rate which is related to the local solidification time 
tc since tc is given by (AT / G.R) where AT is the solidification range. Hunt 
(1977) developed a theoretical model for the primary dendrite arm spacing 
which predicted:
di = Gl"* R~u cu [2.73
This gave a marginally better fit to Young and Kirkwood's data and is also 
consistent with the observed concentration dependence.
The secondary dendrite arm spacings actually observed, however, are found to 
depend on the time spent in the solid-liquid region according to:
dz - a tc" [2.83
The value of n has been measured as 0.36, 0.37, and 0.39 in the Al-Cu systems 
according to a compilation of data by Dann et al (1979). Coarsening of the 
secondary dendrite arms during solidification is also subject to a volume 
fraction dependence which cannot properly be investigated in terms of a local 
solidification time. The effect of fraction solid on the coarsening behaviour 
requires solidification experiments interrupted at various temperatures 
followed by isothermal coarsening. The mechanisms of dendrite coarsening, and 
their dependence on the fraction solid have been a subject of much controversy.
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Kattamis et al <1967) proposed three possible models to account for the 
behaviour;
1) Disappearance of smaller arms in favour of larger arms by lateral 
remelting.
2) Removal of smaller arms by remelting at the dendrite roots and their 
subsequent removal by convective forces.
3) The disappearance of a smaller arm in favour of a larger arm by tip 
remelting of a smaller arm.
The theoretical treatment by Kattamis and Flemings of the secondary dendrite
arm spacing based on the mechanism of lateral remelting predicted that the
secondary arm spacing varies as;
X* = 5.5 (K tf)r'3 C2.93
where M is given as M = - TDln (Cl.™ /Co )
m(l-k) (Ci_m-Co>
Cl*"; final (segregated) concentration tr; local freezing time 
Co; alloy composition (T, D, m and k are as defined previously)
Young and Kirkwood, however, suggested that the coalescence of adjacent 
dendrite arms is probably the major coarsening mechanism, especially in the 
later stages of solidification when the local fraction of solid is high.
They estimated a critical time to for coalescence of adjacent dendrite arms;
to = Ct_a-k)HL=;<l/r* - 1/re.)-1 [2.103
2 Do-T
Ct_: liquidus composition L : dendrite length 
k : partition coefficient t a: root radius
H : heat of fusion r©: tip radius
m : slope of liquidus <r : surface energy
For a typical dendrite morphology, in which the tip radius is 20 pm, the root
radius 5 pm, the dendrite length L and arm spacing is 50 pm, the coalescence
time is approximately 560 seconds. Scaling the dimensions in equation (2.9)
for finer structures indicates that the coalescence time can be very short.
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Coarsening behaviour has been reviewed by Dann et al (1979) with reference to 
Al-Cu alloys and organic analogue systems. They confirmed that the coarsening 
rate does vary with the fraction solid during solidification; at low fractions 
solid the coarsening index is found to be approximately 0.25 whereas the value 
approaches 0.4 at higher fractions solid.
The change in the coarsening index reflects a change in the coarsening 
mechanism; in the low fraction solid regime, the observed mechanism was the 
melting back of smaller arms in favour of the larger arms whereas the 
dominant mechanism at higher fractions solid is the coalescence of adjacent 
arms as reported by Young and Kirkwood.
Coarsening behaviour in dendritic structures differs from coarsening behaviour 
in liquid phase sintered type structures in the following respects
1) Dendrite structures may be formed with a much higher specific surface 
area with considerable local variations in surface curvature. The driving 
force for local coarsening is therefore strong with dendritic structures, 
whereas the driving force with liquid phase sintered structures can be low 
if the particle size distribution is narrow.
2) Structural continuity between adjacent dendrite arms means that the 
relative crystallographic misorientation between them should be extremely 
small; the grain boundary energy considerations then imply that adjacent 
side arms should readily sinter together where a contact occurs. In the 
case of the liquid phase sintered type structures, however, adjacent 
particles will have an approximately random misorientation and the 
probability that a particle contact occurs (followed by rapid neck growth) 
should be much lower (Courtney and Lee, 1980).
Coarsening by Ostwald ripening or coalescence is further considered in section
2.5.
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2.2.4 Summary
Instabilites set up during the normal solidification of alloys cause an 
interface to break down so that the solidification morphology thereafter is 
dendritic, and is controlled by the local solidification conditions. This 
contrasts with the process of melting which is intrinsically far more stable. 
The initial size scale of real dendrite structures is controlled partly by the 
by the local growth conditions experienced by the nascent dendrites and more 
significantly by the effects of subsequent coarsening. Structures may 
therefore be controlled by manipulating these conditions.
2.3 MECHANISMS FOR MICROSTRUCTURAL DEVELOPMENT
The processes indicated for the formation of the globular microstructure fall 
into the following groups;
1) Modification of dendritic microstructure during solidification by 
continous application of shear.
2) Fast solidification to create a fine dendritic structure which is then 
allowed to globularise by isothermal dendritic coarsening.
3) Powder processing routes in which the structure is synthesised under 
conditions which avoid solidification from a superheated liquid.
4) Thermomechanical processing such that solid with a high stored energy 
content is reheated into the semisolid range.
5) Reheating into the semi-solid range of the solidified structures 
formed by any of the above processes.
All of these processes are controlled by the phenomena of interface stability; 
for example, 1) is based on the modification of the usual unstable growth 
behaviour, 2) promotes the unstable growth pattern to generate the necessary 
fine microstructural scale - and 3), 4) and 5) depend on the stability 
behaviour of the melting interface.
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2.3.1 Formation of Stir-Cast Microstructure
The observation of stir-cast microstructures provides direct evidence that the 
instabilities predicted by the factors considered above do not occur, or do not 
control the observed morphologies. The development of the characteristic 
stir-cast microstructure has been reviewed by Doherty et al (1984) and also by 
Molenaar et al (1985). Evidence was presented by Doherty et al for a model 
based on the fragmentation of the dendrites formed in the early stages of 
solidification, whereas Molenaar et al emphasised the role of enhanced 
coarsening in determining the microstructure. Vogel and Cantor (1976, 1977) 
suggested that an important factor not included in the stability analysis is 
the effect of the soft impingement of the solute diffusion fields in the liquid 
from adjacent crystals - this reduces the concentration gradients responsible 
for the growth instability. Observations cited in support of this hypothesis 
were as follows;
1) Kattamis (1967) showed that extreme grain refinement with zirconium in a 
magnesium-zinc alloy could reduce the grain size to the order of the 
dendrite arm spacing; both the grain structure and the segregation pattern 
were spherical.
2) Secondary arm spacings in dendritic solidification are such that the 
solute gradients between the dendrite arms is negligable. Local 
solidification can proceed with no further instability (Flemings, 1974).
3) The process of stir-casting results in a high density of particles so 
that diffusion distances are short (Vogel, 1976; Joly and Mehrabian, 1976)
Effective grain refinement is therefore a necessary feature of the stir-casting 
process. The origin of high particle densities is either enhanced nucleation 
or some crystal multiplication mechanism. Of these, the latter is supported by 
Vogel (1976) in an experimental study of stir-cast aluminium alloys at various 
stages of solidification. Ho significant increase in the number of growth 
centres or primary nuclei resulted from stirring during the earliest stages of 
solidification but the formation of higher volume fractions of solid at lower 
temperatures was associated with the appearance of increasing numbers of small
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crystals rather than the growth of existing crystals. These observations were 
attributed to secondary nucleation of particles through dendrite fragmentation 
associated with fluid turbulence when the crystals had grown to a critical 
size (Vogel, 1978; Tiller and O'Hara, 1967).
2.3.2 The Grain Boundary Recrystallisation Model
This is the mechanism proposed by Vogel et al (1976, 1978). Dendrites growing 
in a partially solidified melt experience shear stresses as a result of fluid 
flow. At temperatures near the solidus, the dendrites arms are soft and can 
easily deform plastically; this deformation is accommodated by geometrically 
necessary dislocations. The high elastic strain energy of these dislocation 
arrays may be reduced by migration to form one or more grain boundaries such 
that the net misorientation across the boundary corresponds to the angle of 
deformation. Crystal grain boundaries have energies which are a strong 
function of misorientation and generally increases with the angle, apart from 
certain low energy coincident site orientations (Herrmann and Gleiter, 1976; 
Gjostein and Rhines, 1959). High angle grain boundaries have energies which 
may be significantly greater than twice the solid-liquid interfacial energy 
(Herrmann and Baro, 1976; Eustathopolous, 1983), so that grain boundary 
liquation becomes energetically favourable. Once the boundary has liquated, 
the fragmentation of the crystal becomes relatively easy and this may be 
assisted by the stress concentration effect of the grain boundary groove. It 
should be recognised that separation of crystals could also take place in the 
absence of a wetted boundary as a result of grain boundary sliding, although 
this is very much assisted by the stress concentration factor. On the other 
hand, low angle grain boundaries and coincident site boundaries with energies 
less than twice the solid-liquid interfacial energy would not be wetted and 
would survive in the microstructure, A reciprocal process could take place in 
the slurry at low stirring speeds or under quiescent conditions; particles 
coming into contact with each other with relative orientations corresponding 
to low angle boundaries or orientations of low energy could sinter together to
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form agglomerates - this is also consistent with the observation of 
pseudoplasticity and thixotropy. This type of boundary is also a feature of 
liquid phase sintered structures (Courtney and Lee, 1980; Courtney, 1977).
Microstructural evidence compiled in favour of the grain boundary 
recrystallisation model may be summarised as follows;
1) Bent but unrecrystallised regions are observed in stir cast globules by 
metallography and observation of electron channelling patterns.
2) Grain boundaries frequently observed in stir-cast microstructures are all 
low angle boundaries «15*) or close to low energy coincident site 
orientations.
3) Solute levels detected at boundaries are sometimes enriched corresponding 
to the formation of boundaries by sintering. Other boundaries show little 
enrichment correponding to boundary formation by recrystallisation (Lee
et al; 1980, 1983).
4) High angle grain boundaries are observed in hot bending studies on 
aluminium crystals.
2.3.3 Formation of Globular Structures by Coarsening of Dendritic
Structures
In addition to the mechanism discussed above, globular structures may also be 
generated as a result of enhanced coarsening. The structural evolution 
associated with the disappearance of secondary dendrite arms indicated by 
Young and Kirkwood is a very significant process with respect to the formation 
of semi-solid slurries because the dendrites become less interlocked and the 
fraction of entrapped liquid drops to a minimum when the secondary arms 
disappear. Evaluation of tc agrees well with the value deduced from 
metallography of isothermally coarsened structures.
This behaviour also correlates with changes of the mechanical response of fine 
dendritic structures in the semi-solid range to compressive deformation; this
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is the subject of an investigation by Seconde and Suery (1984) in which 
changes in the characteristic forging pressure (defined as that stress 
associated with a deformation strain of 0.3 impressed at a rate 0.033 s-1) as 
a result of these structural changes is observed. The various stages in 
structural evolution may be summarised;
1) Reduction of entrapped liquid content by coarsening of fine dendrite 
arms.
2) Increase in entrapped liquid content by coalescence of adjacent dendrites.
3) Final reduction in entrapped liquid content by spheroidisation of solid 
and possibly by absorption as a result of back-diffusion,
These changes in entrapped liquid content may be quite significant; for 
example, Seconde and Suery report that the effective fraction liquid may drop 
from 0.37 to 0.18 after isothermal holding for approximately 6 minutes, as a 
result of the combined effects of dendrite network formation and isolation of 
liquid.
This behaviour observed with fine dendritic structures is of technological 
significance: fine dendritic structures are easier to generate than stir-cast 
structures but the advantageous deformat ionjlresponse of the non-dendritic 
structure may be induced if the dendritic material is exposed to a suitable 
heat treatment, i.e. holding at supersolidus temperatures long enough to allow 
primary evolution of the dendrite structure, but not so long that agglomeration 
of dendrites takes place. Initially fine dendritic structures are advantageous 
since they have a short time scale for the structural evolution and form finer 
globules. The possibility of this type of processing has been recognised for 
some years and forms the basis for various patented processes.
2.3.4 Development of Kicrostructure by Thermomechanical Processing
A process for generating a fine grained semi-solid slurry by means of a 
thermomechanical cycle has been described in patent literature (Young, 1983). 
The process described avoids the stage of slurry production by modifying the
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solidification step; ordinary cast material is extruded above the 
recrystallization temperature to produce an elongate grain structure which is 
then cooled and mechanically worked according to the thermal profile shown in 
Figure 2.12. Typical extrusion ratios indicated are between 20:1 and 60:1. On 
reheating into the semi-solid range, a fine-grained globular structure is 
formed which is less than 30 pm with aluminium alloys. As this process has 
not been described in the open literature there has been no discussion of the 
mechanism for the decomposition of the solid into the fine globular structure 
but it appears that the process must be associated with recrystallisation in 
much the same manner as the grain boundary recrystallisation model for the 
stir-cast microstructure supported by Vogel et al. The difference between the 
two processes is that the stir-casting process introduces deformation by the 
action of fluid body forces on the dendrite arms whereas in the 
thermomechanical treatment, the solid structure is independently (and 
controllably) deformed. Horeover, the patent emphasises that there appears 
to be a critical level of retained residual strain in the material prior to 
reheating into the semi-solid range; this residual strain level is thought to 
be equivalent to that remaining in a 12% cold worked alloy.
2.3.5 Summary
Ordinary solidification morphologies may be modified by controlling the 
solidification conditions. A principal mechanism for the formation of globular 
structures is by coarsening of dendritic structures, which is accelerated 
either by agitating the slurry or by the formation of fine structures. 
Deformation introduced during the solidification process (as in the stir- 
casting process and variants) or separately (as in the thermomechanical 
process) leads to recrystallisation which causes a refinement of the solid 
globule size. Globular structures may also be synthesised by powder 
processing which by-passes the formation of dendritic structures altogether.
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2.4 STRUCTURE AND ENERGETICS OF INTERFACES
The stability of a slurry depends largely on the nature of the solid-liquid 
interface which must therefore be included in this discussion. Solid-liquid 
structures formed with a high specific surface area are prone to structural 
changes which reduce the total surface energy - these are considered in 2.5.
2.4.1 Structure of the Solid-Liquid Interface
A general review of the nature of the solid/liquid interface has been given in 
a monograph by Woodruff (1973). This is clearly an extensive field and it is 
only possible to consider the most important aspects which are of particular 
relevance to structures encountered in semi-solid processing.
The thermodynamics of the solid-liquid interface were first set on a 
theoretical basis by Gibbs, who showed that the free energy could be 
decomposed into a surface energy term, an entropy term and the volume change 
associated with the interface structure but this last term is very small and 
is usually neglected. Further terms may be added in multicomponent systems to 
account for the effect of surface adsorption.
Simple theories of the solid interface treat it in terms of a geometric
terrace-ledge-kink (TLK) model which predicts the existence of singularities in 
the polar surface energy plot at 0 K for surface planes of low index as a 
result of long range ordering. This is also predicted by pairwise bonding 
models which are based on the alternative assumption that the surface energy 
is given by the sum of the energies of all bonds broken by the surface. As
the temperature increases, the equilibrium surface state becomes increasingly
disordered and the interface becomes rougher.
However, the shape of real solid-liquid interfaces is determined by kinetic 
effects during growth which are quite separate from the considerations leading
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to the prediction of the equilibrium shape so that the interface structure 
might affect the interface shape through the growth kinetics. For example, TLK 
models predict that the growth of a singular or smooth interface is limited by 
the nucleation of ledge sites on the surface whereas no such growth barrier is 
presented if the interface is diffuse so that equivalent undercoolings result 
in much faster growth of the diffuse interface. Growth behaviour is therefore 
expected to be determined by the equilibrium structure of the interface, always 
assuming that the interface can achieve a state of local equilibrium under 
growth conditions.
This effect of interface structure on crystal morphology has been considered 
at various levels of complexity. A simple yet highly successful treatment was 
given by Jackson (1958) who considered the interface in a pure material as a 
two layer structure, taking into account only the nearest neighbour bonds in 
the solid. This is a purely thermodynamical treatment, and incorporates no 
kinetic effects. The theory estimates the change in the interfacial free 
energy as adatoms are added to a singular interface until a complete monolayer 
has been formed, in terms of the changes in the component contributions from 
the changes in internal energy and the configurational entropy. This analysis 
is presented as a plot of the relative excess free energy plotted against the 
occupied fraction of surface sites for various values of the parameter a.
This so-called Jackson a factor is a combination of parameters defined as
a = (Lo/kTE).(nv/n2) [2.113
Lo is the change in internal energy in transferring one atom from the bulk 
liquid to the bulk solid, ni is the maximum number of adatom nearest 
neighbours and n2 is the co-ordination number in the bulk solid. Two 
different types of curve exist on the plot - those corresponding to a < 2 show 
a minimum in the excess free energy at an occupied fraction of sites of 0.5 
i.e. when the interface is completely rough, whereas two minima exist if a > 2 
and these occur near occupied fractions of 1 or 0 respectively, corresponding 
to atomically smooth or singular interfaces.
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The a factor is really the product of a material parameter, i.e the molar 
entropy of melting divided by the gas constant, and <ni /ns>) which depends on 
the crystal structure and the planes considered. Tabulations of the a factor 
for a number of materials indicate that the predictions of the theory are 
remarkably consistent with the experimental observation of faceting or non­
faceting behaviour. In particular, metals are the main group of low a-factor 
materials because of their low entropy of melting and these are observed to 
grow with a non-singular interface whereas most non-metals and compounds grow 
with a faceted interface from the melt. The non-faceting of metals is of 
fundamental importance in solidification behaviour with far reaching 
consequences.
An important exception to this classification is the group of transparent 
organic compounds (for example, succinonitrile), which have an unusually low 
entropy of melting. These compounds have a spherical molecular symmetry (like 
metals) so that on freezing there is positional but not orientational ordering 
taking place (the orientational ordering takes place at a lower temperature). 
The low entropy of fusion leads to a diffuse interface which allows the 
material to solidify in a similar manner to metals. These provide useful 
transparent analogue systems for the study of metallic solidification - this 
has in fact been used to study the formation of the stir-cast microstructure 
(Van Dam and Kischgofsky, 1982).
More sophisticated approaches involving multiple layer models of the interface; 
for example, Temkin's n-layer model (1964) produces results which effectively 
reduce to the predictions of the Jackson theory if the same assumptions are 
used. Many of the principles of growth behaviour apply equally well for 
melting as well as solidification. Melting interfaces generally have non­
faceting interfaces although an important exception occurs when a liquid 
pocket grows inside a faceting material, in which case the interface is 
faceted. Melting pools in a non-faceting material are also non-faceting.
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2.4.2 Determination of the Solid-Liquid Surface Energy
A discussion of the methods of determination of interfacial properties for 
metals and alloys has been presented in a review by Eustathopolous (1983) in 
which experimental methods of interfacial energy determination are examined 
and a compilation of results is presented.
Estimates of interfacial tension in pure materials have beeen derived using the 
Gibbs-Thompson equation, which gives the variation in equilibrium temperature 
of a solid particle in equilibrium with a liquid phase with the particle 
radius. The Gibbs-Thompson equation is itself derived from the Laplace 
equation describing the condition of mechanical equilibrium of a curved 
interface and the condition of chemical equilibrium, expressed as the equality 
of chemical potentials in the liquid and solid phases. A frequent formulation 
of the Gibbs-Thompson equation giving the decrease in equilibrium melting 
temperature of a spherical droplet of radius r is;
AT = 2 Ysi_ / (ASf.r) [2.12]
in which ¥si_ is the interfacial energy. ASf is the entropy of fusion per unit
volume (which may be formulated as L/To for pure materials where L is the 
latent heat of fusion) and To is the equilibrium temperature of a planar 
interface. This equation forms the basis of measurement of ¥si_ by Turnbull's 
method (1950) by measuring the temperature of homogeneous nucleation in a 
finely divided melt (to reduce the effects of any heterogeneous nucleants).
The nucleation frequency J is primarily controlled by the energy of a critical 
nucleus through the expression
J = Kv exp(-V/kT) [2.13]
Kv is a kinetic term with a slow temperature dependence over the nucleation
range and V is the reversible work of formation of the critical nucleus:
V= [ (16n/3) W 3 ] / [ AHf (AT/Tm)2 ] [2.14]
Measurement of the gradient of the log plot of the nucleation frequency 
against the function 1/(T.AT2) gives access to the term Ysu. While this method 
does give an absolute measurement of the interfacial energy, it is prone to a
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number of errors, principally from the assumption that macroscopic properties 
may be applied adequately to describe the nucleus which is demonstrated by 
measurement to be an assembly of only a few hundred atoms, and also the 
extreme difficulty of avoiding all forms of heterogeous nucleation.
The second class of methods involves measurements of dihedral angles formed 
at grain boundary grooves; values of the interfacial energy may be calculated 
from known values of the grain boundary energy Yob by using the relation
Ysb = 2 ¥st_ cos(fsi_/2) [2.15]
where s^t_ is the dihedral angle formed at the grain boundary groove.
Glicksman and Void (1967) used this technique in a study of pure Bi melted in 
situ in a transmission electron microscope. This allowed simultaneous 
measurement of the dihedral angle and the misorientation of the low angle 
symmetrical tilt boundary; the energy of this boundary was calculated from the 
misorientation and the elastic constants using the Read-Shockley formula.
The measurement of the interfacial tension in binary systems is frequently 
based on the multi-phase equilibrium technique in which a relative value of Ysl. 
may be determined by observing the dihedral angles formed between solid and 
vapour (^sv), solid and liquid (fsi_) and the contact angle at the 
solid/liquid/vapour line. Combining the conditions for equilibrium at the 
three junctions results in an expression for the solid-liquid interfacial 
energy as a function of the contact angles and the liquid-vapour interfacial 
energy (which may be independently measured). Solid-liquid surface energies 
have also been determined in eutectic systems by observing the shape 
distortion near a grain boundary cusp (Gunduz and Hunt, 1985).
2.4.3 Grain Boundary Energy
The other energy term which is of great importance in determining the 
behaviour of the solid-liquid system is the grain boundary energy since the 
dihedral angle is determined by the ratio of the solid liquid interfacial
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energy to the grain boundary energy. Grain boundary energies are sensitive to 
the relative orientation between the grains and to the presence of solute. 
Models exist for predicting the orientation dependence of grain boundary 
energy. These include dislocation models for low angle tilt and twist 
boundaries which lead to the Read-Shockley equation. The grain boundary 
energy increases as the misorientation increases although there are certain 
low energy configurations which correspond to cusps on the boundary energy 
orientation curve; energy cusps generally correspond to coincidence site 
boundaries which the energy is assumed to be related to the reciprocal density 
of coincidence sites. (Twin boundaries, characterised by very deep energy cusps 
are a subset of these boundaries.) These models have been checked against 
experimental measurements. For example, the absolute interfacial energy may be 
determined by measurements of the thermal groove formed by the dihedral angle 
(Gjostein and Rhines, 1959). Agreement with the Read-Shockley equation is 
good for boundaries with misorientations up to 5 or 6 degrees but this breaks 
down at higher angles due to the more complex elastic interactions between the 
dislocations at shorter spacings.
A more general technique covering a wider range of misorientations is the 
sintering technique used by Herrmann, Gleiter and Baro (1976). In this method, 
a large number of 100 pm single crystal spheres of pure copper are sintered 
onto a flat copper plate. The free energy of the boundary may be brought to a 
local minimum at the cusp of energy curve by allowing the sphere to tilt at 
the neck so that an initially random distribution of orientations is destroyed, 
leaving an accumulation of spheres at those orientations corresponding to 
boundaries of low energy. These orientations may then be determined by the 
standard methods for texture measurements.
Vhile in many cases the boundaries may be correlated with the predictions of 
the CSL theory, agreement is not perfect; Herrmann et al point out that the g>=5 
boundary is observed more weakly than the a>=33 boundary. Their general 
conclusion was that grain boundary models based on geometrical considerations
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alone are insufficient to explain the observed behaviour, and they 
distinguished between two types of boundaries in metals, these being "electron 
insensitive" and "electron sensitive" boundaries. To a first approximation, the 
energy of the first type of boundary depends only on geometric considerations 
whereas the second type depends on the electronic structure. This may explain 
why certain low energy orientations vary between different metals although the 
crystal lattice may be the same.
Grain boundary energy and structure are sensitive to the presence of solute, 
particularly if the solute segregates to the boundary. This has been 
investigated by Sautter et al (1977) using the same technique as Herrmann et 
al but with alloyed sinter couples. Systems which do not segregate were 
characterised by the same principal (i.e. electron insensitive) cusps although 
the position and depth of the minor cusps are changed. If the solute 
segregates to the grain boundary then the boundary energy is reduced relative 
to the pure material and many of the smaller cusps disappear completely.
Low energy boundaries may also be identified in liquid phase sintered 
structures where adjacent particles may be sintering together. Orientation 
relationships have been studied in the Cu-Ag system by Kaysser et al (1983) 
using observations of electron channelling patterns across contacting grains. 
This technique has also been applied to stir-cast structures to determine the 
type of boundary present (Lee et al, 1983; Doherty et al, 1984).
Three types of boundaries were discerned in these structures
1) "Random" grain boundaries characterised by large amounts of coarse 
precipitates
2) Straight grain boundaries ("special" boundaries) with no precipitates.
3) Boundaries of intermediate character.
The orientation across the special grain boundaries are either low angle 
misorientations or close to predicted coincidence site lattice relations.
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2.4.4 Summary
The low entropy of fusion in metals is thought to lead to a diffuse interface 
structure which is responsible for the non-faceting growth behaviour. At 
elevated temperatures, the solid-liquid surface energy varies only weakly with 
the orientation of the interface, whereas grain boundaries have a strong 
orientation dependence. The balance of surface and grain boundary energies 
depends on both material properties and on the crystallography of the 
boundary, so that particles coming into mutual contact with random relative 
orientations form different types of contact.
2.5.1 STABILITY OF SEXI-SOLID SLURRY
A dispersion of solid metal globules in a liquid metal matrix is unstable and 
is subject to processes which lead to a reduction in free energy, especially 
coarsening mechanisms driven by a reduction in surface free energy.
Coarsening behaviour in dendritic structures has been reviewed in section
2.3.3 and coarsening processes and structural evolution in non-dendritic 
material is now reviewed. Semi-solid slurries are prone to coarsening by 
either Ostwald Ripening or coalescence mechanisms and the competition between 
these processes determines the evolution of the microstructure.
2.5.X^  Ostwald Ripening
A dispersion of second phase material in its saturated solution is unstable 
with regard to the dissolution and growth of smaller and larger particles 
respectively. The driving force for this process is the reduction in total 
interfacial energy for the system. Concentration gradients arise since the 
chemical potential of the solute in the liquid at an interface varies with its 
curvature according to the Gibbs-Thompson equation so that the equilibrium 
solute concentration adjacent to an interface of radius r is given by:-
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ln(C,-/Co> = 2Ko' / RTpr C2.16]
Co : true solubility p : density
Cr- : the solubity (radius r) M s atomic weight
R : gas constant o' : interfacial energy
The kinetics for the reduction in free energy are controlled by the diffusion 
flux of solute from the smaller to the larger particles. The theoretical 
problem to be addressed is how to predict the overall evolution of the 
particle size distribution in an assembly; the difficulty is that the
dissolution rate of a particular particle size depends on the surrounding
particle size distribution. Theoretical approaches setting out to solve this 
multiparticle diffusion problem (MDP) have to calculate the mean field exerted 
by the overall distribution. This has been treated at various levels of 
sophistication: Greenwood (1956) predicted particle growth kinetics for 
particular sizes of particles in a field of particles of some other size at 
infinite dilution and compared his results with the observed coarsening 
behaviour of uranium-lead and uranium-sodium slurries. The particle growth 
equation he derived described the growth of a particle of radius a in a 
distribution of mean size aM
da/dt = (2DCoXtr / RTp2). 1/a (l/aM - 1/a) C2.17]
Particles of radius less than aM dissolve whereas particles of radius greater 
than aM grow; maximum growth occurs for particles of twice the mean radius, 
for which
(da/dt)m«* = (DCoK<r /2RTp*aM2> [2,18]
The actual distribution in Greenwood's analysis is not defined so that no 
specific predictions for the evolution of the distribution are possible. A 
major advance in the theoretical description of coarsening is due to Lifshitz 
and Slyozov (1961) and Vagner (1978) who independently developed a model 
(LSV theory) which takes into account the specific shape of the distribution 
curve and predicts:
1) The existence and specific shape of an asymptotic particle size 
distribution.
2) R*v is proportional to the cube root of time (the time exponent is 1/3)
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3) The rate constant depends only on material parameters.
Experimental observations indicate that the real distribution in coarsening 
systems are much broader than those predicted by the LSV theory. The 
principal reason for this disagreement is the assumption of infinite dilution. 
Various theories have been put forward to include the effect of finite 
concentrations of the coarsening phase; experimental observations indicate 
that coarsening rate constants increase significantly as the volume fraction 
of the dispersed phase increases although the coarsening exponent is still 
1/3. The precise variation of the rate constant with fraction solid and its 
theoretical description is still the subject of much debate (Ardell, 1972). 
This is discussed in a recent study by Vorhees and Glicksman (1984) in which 
a statistical mean field model consistent with computer modelled simulation 
was developed; the dimensionalized coarsening rate constant developed in this 
treatment was found to be
K = 8 V Vo2 D Co a3 / 9 R T (l-fv1/3)3 C2.193
a: mean-field potential fv: volume fraction of solid 
V: surface energy D: liquid diffusion coefficient
Vo: atomic volume Co: mean solute concentration
The mean field potential, a, is the reciprocal of the dimensionless critical 
radius. The value of a determined in the mean-field treatment varies between 
1 for a volume fraction of zero. 0.9 for volume fraction of 0.5 and 0.55 at a 
volume fraction of 0.95. Predictions of K were found to agree well with data 
from liquid phase sintering of the well characterised Fe-Cu system, as shown 
on Figure 2.13.
2.5.3 Particle Coalescence
It has long been recognised that particle coalescence can contribute to 
coarsening and that this behaviour is of fundamental importance in 
determining microstructural development in liquid phase sintered systems.
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Parikh and Humenik (1957) demonstrated a direct relationship between 
coalescence and coarsening by monitoring the coarsening behaviour of systems 
in which the degree of wetting could be varied by controlling the surface 
energy; under conditions of complete wetting, particle contact is minimised 
and the corresponding rate of coarsening is much lower than when wetting is 
incomplete.
Particle coalescence is effectively driven by the reduction in surface energy 
accompanying the formation of a neck between two particles in contact. 
Consideration of the geometrical configuration of the contacting particles 
indicates that there are large variations in local surface curvature; 
application of the Thompson-Freundlich equation then shows that this is 
equivalent to differences in the solute content in local equilibrium with the 
solid. In regions of positive curvature over most of the particle of radius 
r, the local equilibrium solute content is enriched relative to the liquidus 
and in the region of negative curvature, i.e. in the neck region, the 
equilibrium solute level is decreased. This process is akin to the mechanism 
of Ostwald Ripening in the sense that these concentration differences set up 
a diffusion flux which is maintained by the dissolution of material from 
regions remote from the neck and precipitation at the neck.
The analysis of the kinetics of neck growth represents a theoretical problem 
which is of particular interest in relation to the behaviour of semi-solid 
slurries. The difficulty with the analysis lies in establishing the effective 
value of the ratio of the area to path length of the diffusion field which 
controls the supply of solute to the neck area. At some point close to the 
neck, this ratio is decreased by occlusion of the diffusion field by the neck 
itself so that there is in effect a bottle-neck which restricts the diffusive 
transport flux; regions further removed from the neck than this point are in 
a state of local equilibrium since the arrival of solute at the neck is 
limited by the area available for diffusion.
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The problem has been considered in detail by Courtney (1977); the approach 
involves the determination of this limiting geometrical parameter A/Al as a 
function of the degree of coalescence u which is defined as the ratio of the 
neck radius to the particle radius r. The parameter A/Al controls the 
diffusion flux J responsible for the mass transport according to
J = -D._(A/Al).AC [2.203
where Du. is the diffusivity of the solute in the liquid phase, A is the area 
available for diffusion and AC is the instantaneous concentration gradient set 
up by the local curvature variation. The time evolution of u follows from 
this diffusion flux. As u increases the geometric restriction to the 
diffusion flux caused by the presence of the neck decreases and the analysis 
shows that it no longer controls the flux when u exceeds 0.2. The physical 
significance of this is that local equilibrium exists along the particle 
surface up to the neck for values of u less than 0.2 whereas with higher 
values of u, for which the neck minimum is not absolute, the solute 
concentration drops steadily from the region opposite the neck to the neck 
itself. This implies that two different types of diffusion behaviour lead to 
different regimes for the neck growth kinetics for the limits of short and 
long sintering times respectively.
For short periods of time, the solution obtained by Courtney reduces to an 
expression of the following form which relates the dimensionless neck size u 
to the dimensionless time t' with a time exponent of 1/5.
u = Q0t’)1/s : t' = a t / r3 : a = (2 D Co Ysl Q / RT) [2.213
u : dimensionless neck size = x/r D : solute diffusivity in liquid
r : particle radius Co : solute concentration t : time 
x : neck width (radial) ¥st_: surface energy Q : atomic volume
More rigorous numerical solution showed that the time exponent changes to 1/6
as the time increases. These results are broadly consistent with the 
behaviour predicted from simple geometric assumptions concerning the 
diffusion behaviour. One result of this analysis is that a given ratio of
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t/rs leads to the same degree of neck growth for a particular system so that 
systems composed of very fine particles will be prone to rapid coalescence .
The volume fraction of the solid phase can also influence the diffusion field; 
in general, the presence of adjacent particles reduces the area available for 
diffusion but this may be compensated by the higher average solute 
concentration caused by the impingement of the diffusion fields. No 
quantitative investigation into this effect has been undertaken, but Courtney's 
analysis indicates that increasing volume fraction of particles leads to an 
overall reduction in neck growth rate.
2.5.4 Comparison between Ostwald Ripening and Coalescence
Coarsening by Ostwald Ripening or particle coalescence both represent 
mechanisms for the reduction in surface free energy by the reduction in 
surface area, and the kinetic behaviour of the coalescence coarsening 
mechanism is similar to that of the Ostwald Ripening mechanism and 
differentiation between the two on the basis of coarsening rate measurements 
is not possible. However, there are some significant differences between the 
two processes:
1) Increasing volume fractions leads to a higher rate constant with the 
Ostwald Ripening mechanism, whereas the equivalent rate constant decreases 
with the coalescence mechanism.
2) Coalescence results from very local variations in curvature whereas the 
behaviour with Ostwald Ripening depends on the mean field exerted by the 
surrounding particle.
3) Ostwald Ripening is purely a growth phenomenon whereas particle 
coalescence has to be considered as a nucleation and growth phenomenon.
Of these, perhaps the most significant is the last; the nucleation event 
refers to the formation of a neck or contact between adjacent particles and 
this depends on both kinetic and thermodynamic factors. The probability of 
adjacent particles forming a neck is not well known or understood; Courtney
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and Lee (1980) estimated the fraction of collisions leading to adhesions to 
be as low as approximately 0.001 so that a large number of collisions must 
take place to account for the formation of structures generated by particle 
coalescence in some systems.
This low probability of neck formation may be interpreted in terms of the 
nature of the surface energetics of the solid-liquid interface; grain boundary 
energies are always a strong function of the misorientation across the 
boundary (Herrmann et al, 1976; Gjostein and Rhines, 1959) with low angle and 
certain special orientation or coincidence site boundaries having a low 
energy. In these cases, the grain boundary energy term is less than twice 
the solid liquid surface energy and so these boundaries would be expected to 
survive in the liquid matrix. For most of the random contacts generated 
between particles in the assembly, this is not the case and the contact does 
not result in an adhesion. However, particles may make small adjustments in 
orientation as a result of density-driven settling or Brownian motion and so 
a certain proportion of contacts will be of low energy. Electron channelling 
studies of the misorientation across contacting particles in LPS structures 
does confirm that they are nearly all of a low energy type. This also 
applies to boundaries formed in quiescent stir-cast slurries (Lee et al, 1980; 
Lee, 1983).
The fact that various sintering mechanisms are reported for various different 
LPS processes is a consequence of the differences in the thermophysical 
properties of the system. For example, sintering behaviour has been 
extensively investigated in the Mo-Ni/Fe system by Kim and Yoon (1985) in 
which direct observation of grain growth patterns (revealed by creating etch 
pits during cyclic heat treatment), demonstrates clearly that grain 
coalescence is not a contributory mechanism in the Mo-Hi/Fe system; this 
contrasts with other reports of coarsening taking place through a mechanism 
of particle coalescence (Courtney, 1977).
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2.5.5 Microstructural Development and Evolution
Once the kinetics of particle coalescence have been established, it becomes 
possible to predict the type of microstructure that a given sintering 
treatment will produce in terms of the appropriate geometrical, kinetic and 
thermodynamic factors,
LPS systems may either develop with isolated or highly connected (skeletal) 
microstructures. Courtney extended his analysis by considering the time 
intervals between successive coalescent particle contacts (Tt>) caused either 
by Brownian motion for small particles or density-driven settling for larger 
particles; the ratio of this interval to the time required for particle fusion 
to take place (rf) is assumed to control the type of structure formed.
One factor relevant to this behaviour is the probability that a particle 
contact leads to the growth of a neck (p»). This probability has been 
estimated by Courtney and Lee (1980) by considering the probability density 
of particle orientations for which the grain boundary energy is less than 
twice the solid liquid surface energies. This value is based on observations 
of low energy orientations in liquid phase sintered systems and on the known 
orientation dependence of grain boundary energies.
Isolated microstructures are more likely to develop if particle coalescence 
occurs before another contact has been made, whereas the microstructures will 
be more skeletal if the coalescence time is long in comparison with the 
contact interval; the microstructure type depends on the value
'Tf / Te.p. [2.223
for which low values favour isolated microstructures and high values favour 
the development of skeletal microstructures.
Evaluation of this ratio allows construction of microstructural maps which 
illustrate the morphology of structures developed in a liquid phase sintered 
structure as a function of the solid particle volume fraction Vf and the ratio
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of the parameters a and y. The parameter a has already been defined in the 
context of the kinetics of neck growth and y = kT / 12xp where p is the
viscosity of the liquid i.e. y is a kinetic parameter controlling the particle
migration. An example of a microstructure map with the relevant thermo-
physical data is given in Figure 2.14.
It may be seen that skeletal structures are favoured by low values of a /y  and 
high particle volume fractions. This is because a reduction in the a/y ratio 
corresponds to a reduction in the kinetic and thermodynamic driving forces 
for neck growth; similarly, a high volume fraction of particles promotes 
skeletal structures since this causes a reduction in the time between particle 
contacts. A further variable indicated on the map is the effect of the 
particle size distribution (c7Rm.«.r.). Courtney asserted that wider 
distributions can stabilise the isolated type of microstructure; this is 
because Ostwald Ripening can lead to the total dissolution of smaller 
particles as they approach larger particles.
2.5.6 Dominant Mechanisms for Microstructural Coarsening
Courtney (1977) also considered the effect of microstructural coarsening on 
these structures. The problem addressed in this instance refers to the 
identification of the dominant mechanism of particle coarsening, which is 
either Ostwald Ripening or particle coalescence. Theoretical evaluation of 
the kinetics for both mechanisms indicated that the coarsening time exponent 
is 1/3 in both cases, so that the determination of the coarsening mechanism 
requires microstructural investigation and possibly the evaluation of the 
constant of proportionality as an indicator, as well as any information 
deduced from the structures observed.
The analysis of coarsening rates indicates that Ostwald Ripening will be the 
dominant mechanism when;
4 /9 a.g(Vr) > y / f(VP) [2.233
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The term g(Vt) is the volume fraction function which appears in the rate 
constant for Ostwald Ripening. The function determined by Ardell (1972) is 
used in this case and the parameter f(Vf) is a function of the fraction of 
solid, the particle radius and the mean centre to centre spacing between 
particles X;
f(Vp) = C (X/2 r) - IP [2.243
These equations allow a formulation of the predominant coarsening mechanism 
in terms of Vf and the ratio a/y defined in the previous section so that this 
information may be superimposed on the microstructural maps already 
developed. The effect of the particle size distribution is also considered 
and it is demonstrated that wide distributions result in a stabilisation of 
the isolated structure and coarsening via Ostwald Ripening in preference to 
coalescence. In general, there is a transition from neck growth dominated 
coarsening to Ostwald Ripening as the dominant mechanism as the volume 
fraction increases. A critical value for the transition is estimated as 0.22 
although this must be regarded with caution in view of the necessary 
approximations inherent in the analysis, especially the value taken for p„. 
Microstructural maps combined with information on the dominant coarsening 
mode are shown in Figure 2.14(b).
2.5.7 Spatial Separation of Solid and Liquid
Dispersions of solid and liquid can be prone to phase segregation especially 
in a gravity field where there is a difference in solid and liquid densities. 
This has been discussed with reference to the Fe-Cu liquid phase sintered 
system by Niemi and Courtney (1983). There is little direct information on 
the macroscopic behaviour with stir-cast structures except what may be 
inferred from the known rheology and microstructural observations, i.e. that 
contiguous structures build up fairly rapidly once agitation has ceased (Pai 
and Jones, 1985; Joly and Mehrabian, 1976).
The theory of segregation by settling represents an extension of the theory
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of LPS structures proposed by Courtney. Niemi and Courtney argued that 
segregation of liquid and solid is controlled by the formation of a skeletal 
structure, which is a dynamic structure in that particles can either form or 
break contacts.
If the initial solid phase volume fraction is low, dispersed particles settle 
to form a layer which builds up to form a solid skeleton when the volume 
fraction reaches a critical value. This is 0.2 for the Fe-Cu system and the 
authors suggested that this value is system-independent since it is 
determined by purely morphological considerations (c.f. the minimum fraction 
solid required for thixotropic behaviour, which is approximately 0.3). Once 
this solid skeleton has formed, settling can still continue but at a much 
reduced rate which is determined by the extrication of solid particles from 
the skeleton. Particle extrication rates were found to be system-dependent 
and strongly sensitive to the degree of particle contiguity.
%
Three types of settling behaviour were identified when the behaviour was 
mapped in terms of the variables Tc/pc and tv.™; tc is the interval between 
collisions, and pc is the fraction of collisions resulting in a coalescence 
and tr«m is the time required to remove a contact by particle extrication. 
Zone I includes those systems where there are less than the critical number 
of contacts to prevent settling; Zone II is the regime where skeletal 
structures have formed and the settling is limited by the time required to 
extricate a particle and Zone III represents the case where settling does not 
occur to any significant extent. Although the high degree of solid phase 
contiguity in Zone III implies that the structure is reasonably stable with 
respect to the settling of particles, the system becomes prone to extensive 
sintering. Extended sintering eventually leads to the liquid, instead of the 
solid, becoming the dispersed phase.
Recent work concerning the slumping (i.e. gravity induced creep behaviour) of 
various liquid phase sintered skeletal structures (Niemi and Courtney, 1983)
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confirmed that the formation of the solid skeleton is better regarded as a 
dynamic, rather than a static process. Once the skeletal structure has formed, 
particles may be extricated from the skeleton and are then free to drift under 
density driven migration until further contacts are made. This process, 
repeated many times leads to measurable slumping and settling behaviour. Some 
estimate of the particle extrication rate may be obtained by inserting a liquid 
phase sintered structure into a liquid of appropriate composition and 
measuring the rate at which particles float away from the compact surface.
Significant differences between extrication rates were found between different 
systems; for example, the particle extrication rates in Fe-Ni-V compacts are 
much higher than in Cu-Fe compacts. This is also consistent with the faster 
slumping rate in the heavy metal. Courtney attributed the faster extrication 
rates to morphological differences between the two systems rather than the 
greater difference in solid-liquid density in the Fe-Ni-V system. Although the 
number of interparticle contacts at equivalent volume fraction are much the 
same, the actual size of the particle neck at the contact is much higher in the 
heavy metal; the size of the contact is related to the equilibrium dihedral 
angle which is itself determined by the ratio of the solid-solid and 
solid-liquid interfacial energies (Vray, 1976). In this way, the detailed 
sintering behaviour is determined by the fundamental thermodynamic properties 
of the system.
2.6 PRODUCTION OF SLURRY
The arguments already set out indicate that the primary process for the 
production of slurry is by means of a modified solidification process. This 
covers a range of processes characterised by different degrees of shear 
applied to the slurry during solidification. Early documentation (U.K. Patent 
GB 1400624, 1972) referred to the importance of vigorous agitation as being an 
essential feature for the generation of the slurry structure. However, further 
research indicated that more moderate shears were sufficient to generate the
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desired structures. For example, in the above patent, Campbell asserted that 
total shears of approximately 50 were adequate and this lead to the 
development at Fulmer Research Ltd. of a method based on shearing solidifying 
material by generating turbulent flow as the melt flowed around cooling tubes 
in the mould (U.K.Patent GB 1543206, 1976). A similar development by FIAT
(1976) generated the necessary shear by placing baffles in the mould region 
and more recent developments have produced the necessary shear by 
electromagnetic stirring in the solidification zone. The problem in this case 
is concerned with the minimisation of heat generation in the mould or metal. 
ITT have developed laminated mould systems to reduce parasitic heating from 
the field (European Patent Fo.E 0069 270, 1982). All of these modified 
solidification processes suffer from intrinsic process limitations which are 
described in the following section.
2.6.1 Stir Casting Machines
Following the initial observation by Spencer et al (1972) that the slurry 
structure could be generated by shearing during solidification, Hehrabian and 
Flemings (1972) produced larger quantities of slurry using a refractory "cake- 
mixer" machine. This consisted of a rotating crucible enclosed in a resistance 
heated furnace, and agitated by a twin set of counter-rotating mixing blades. 
Once the melt had cooled to give the desired fraction solid, the slurry could 
be ladled out for transfer to the shot sleeve of a die injection machine.
Although an inert gas cover was provided by feeding argon over the melt 
surface, it was found that the build up of oxides was very troublesome. This 
configuration for melt agitation was particularly prone to the entrainment of 
gas and surface dross in the vortex region and it was rapidly abandoned in 
favour of designs where the agitator is immersed in an extended zone to 
minimise this entrainment. Batch casters based on this design (Lee, 1983; 
Doherty et al, 1984; Assar et al, 1981; El Sawy et al, 1981) have been used in 
the laboratory scale production of slurry in which the semi-solid material is
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either quenched in situ for subsequent examination or decanted into moulds 
while still fluid. A wide range of alloys have been stir cast in this manner, 
including some high temperature alloys under vacuum (Apelian and Cheng, 1982). 
Continuous stir-casters based on the concentric cylindrical configuration were 
developed at M.I.T in an attempt to produce larger quantities of slurry. In 
the M.I.T design a melt reservoir chamber is situated above a narrower 
cylinder in which the melt is sheared and cooled so that controlled 
solidification can take place. The throughput can in principle be controlled 
by adjusting the clearance between the rotor and the exit nozzle. Variations 
of this configuration do exist for continuous casters - in particular, where 
shear is generated in the solidification zone of a D.C. caster (Feurer et al, 
1976) to produce ingot by mouldless casting.
The thermal condition of the caster is such that heat must be injected into 
the melt reservoir chamber and be removed from the lower solidification zone. 
The heat to be removed from the solidification zone is considerably greater 
than the necessary latent and specific heat contributions due to the parasitic 
axial heat flow from the heated upper chamber to the cooled lower chamber.
The thermal characteristics of the M.I.T type of stir-casting machine have been 
considered in an analysis by Nurthen <1984); he concluded that the heat 
transfer characteristics limit the throughput to levels which are not 
commercially viable.
2.6.3 Process Limits for Stir-Casting
An analysis for the process limits for continuous thixotropic slurry casting 
of bars has been formulated by Molenaar et al (1985); this analysis identifies 
composition fields in particular alloy systems which may be successfully 
stir-cast on the basis of the following criteria;
General Criteria
An upper and lower limit to the fraction solid is defined by the rheology of 
the slurry. The throughput of material depends on both the metallostatic
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pressure drop across the caster and the viscosity of the slurry so that if the 
fraction solid is too high, then the increased viscosity causes the throughput 
to drop to unacceptably low levels. The lower limit to the fraction solid for 
casting corresponds to the minimum fraction solid required for shape retention 
of the emerging material since it is essential that the bar emerging from the 
caster does not collapse or deform. This lower limit is typically 
approximately 0.35 or possibly slightly higher to allow an adequate safety 
margin.
Alloy Properties and Degree of Control
The fraction solid-versus temperature of the casting alloy is determined by 
the alloy thermodynamics and also by the thermal history of the slurry. The 
assumption used in Molenaar's analysis is that the fraction solid may be 
described by the Scheil equation;
f- = [Cl CD/Co ]1'*-1 [2.253
This is not necessarily a valid assumption because of the artificially long 
time available for back-diffusion, especially if the structures are fine. This 
is discussed further in the chapter concerned with solute transport effects.
Temperature fluctuations may cause unacceptably large variations in the 
fraction solid in regions where the slope of the T(f«) curve drops below a 
certain critical value. These temperature fluctuations are probably of two 
types
1) Short term fluctuations arising from thermal asymmetry and flow 
irregularities.
2) Longer term fluctuations which arise from the limitations of the process 
control. Because the system is being controlled in the semi-solid range, the 
effective thermal inertia detected by the control loop is unavoidably large. 
Some improvement should be possible if the torque on the rotor is used as a 
controlling parameter since this is a more sensitive indicator of the 
apparent viscosity, and hence the fraction solid in the caster.
- 70 -
In effect, these thermal fluctuations result in a lower limit to the 
composition which may be stir-cast since the solute concentration determines 
the form of the fraction solid - temperature curve; the particular value 
admissable depends on the precision of the thermal control available. The 
maximum alloy composition is determined by the requirement that the T-f* 
curve lies within the f» boundary limits described above, i.e. eutectic 
compositions or compositions close to it may not be satisfactorily cast.
Molenaar et al predicted process limits for the Al-Cu, Al-Si, Al-Mg and Pb-Sn 
systems and corresponding experimental stir casting work demonstrated that 
the operating limits were qualitatively in agreement with the predicted limits. 
In addition, it was noted that process control by monitoring of temperature 
alone was inadequate for producing material because of the variable 
propagation times of the thermal fluctuations.
2.7 DIE-INJECTION
Pressure die casting is a production technology that competes with gravity 
die-casting, sand casting, drop forging and plastics injection moulding. 
Die-casting may be preferred subject to the following criteria:
1) Large quantities are required; the economic threshold depends on the die 
tooling cost and may be typically 5 000 - 10 000 shots.
2) Where component design is complex so that alternative machining would be 
costly.
3) Good finish with uniform and repeatable dimensions required.
Die life depends on the alloy which is being cast, decreasing from hundreds of 
thousands of shots with zinc alloys to around 150 000 shots with 
aluminium/magnesium alloys and to around 5 000 or maybe 15 000 with copper 
based alloys. The major deficiencies of the pressure-die casting process are 
seen to be:
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1) The tendency to produce gas porosity as metal is injected, due to 
entrainment of gases in the cavity. This porosity not only weakens the 
material but also precludes the possibility of heat treating the material to 
develop the full strength; die castings are therefore weaker than forgings.
2) Thermal cycling of the die surface by contact with superheated liquid 
metal leads to thermal fatigue and gradual deterioration of the die as 
surface cracks develop,
3) Low casting yield resulting from necessarily complex runner design,
The status of the process, and the potential for improvement by processing 
with semi-solid slurry have been reviewed briefly by Brook (1982). The use of 
a semi-solid slurry was considered to be beneficial with regard to all of 
these deficiencies. In particular, the promise of sounder, heat-treatable 
castings produced with less damage to the die represents a major potential 
advance. This has been documented in a number of publications (Mehrabian and 
Flemings, 1972; Backman et al, 1977; Hong et al, 1978).
2.7.1 Venting and Porosity in Liquid Die-Injection
The tendency for liquid charges to entrain gases during the injection cycle 
has been studied by Stuhrke and Wallace (1966) and Davis et al, (1977). The 
conditions under which the molten metal fills the cavity through the gate is 
defined by a discharge or flow coefficient which reflects the effective, rather 
than the nominal gate area during injection. In the absence of back pressure 
from entrapped porosity, the flow of the metal at the gate may be described 
by the Bernoulli equation so that
Vg = Cd (2P0/p)** [2.26]
Cd; coefficient of discharge Cf-; flow coefficient
Aa; area of gate P0; (measured) pressure of metal at gate
p; density of metal Q; flow rate through gate
The coefficient of discharge represents the efficiency of the metal delivery
system, and this is found to decrease as the cavity fill time increases,
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possibly as a result of gate blockage. Associated with the coefficient of 
discharge is the flow coefficient Cf ; this is the product of the gate area and 
the coefficient of discharge, i.e.
Cf = AeVe(2(PM-Pc)/p)-14 [2.273
The flow coefficient may be measured from the instrumented traces using either 
gate velocities determined from the cavity fill time or gate velocities 
measured by the displacement record, giving measured or nominal coefficients 
C(l) and C<2) respectively. If C(2) is determined at some point in the middle 
of the injection cycle, when the cavity is adequately vented, the back-pressure 
is insignificant, whereas the measurement of C(l) will deviate from C(2) 
because of the back-pressure exerted by the entrapped gases towards the end of 
the cycle. It follows that the ratio C<1) : C(2> must then be;
C(l)/C<2) = (Pm /CPm-Pc ))* C2.283
Davis et al showed that this venting ratio is a viable indicator of the back 
pressure in the die cavity, and found good correlation with the porosity (from 
measured casting weight). The ratio was found to depend largely on the degree 
of gas entrappment in the shot sleeve and the efficiency of the cavity venting 
itself. Moreover, the primary factor controlling the venting ratio was the 
timing of the second stage in the injection cycle rather than the shot velocity 
or time available for venting. The conclusion drawn was that the porosity of 
the casting is due mainly to gas entrappment in the shot sleeve during 
injection.
Seduction in the gas entrappment in the shot sleeve can result if the first 
stage injection conditions are optimised. The impact of the plunger tip with 
the liquid metal generates waves which can entrap gases on reaching the end of 
the shot sleeve; this may increase casting porosity directly (because the 
venting is decreased), or lead to partial blockage of the gate which also 
impairs the cavity fill behaviour. Theoretical considerations, reinforced by 
water analogy studies, suggested that the degree of gas entrappment could be 
reduced if the liquid charge experiences a constant acceleration instead of the 
more usual constant velocity during the first stage of the injection process
- 73 -
before the metal enters the gates. This was investigated by Davis et al
(1977) in a program of experimental castings: first stage injection conditions 
were only found to influence the cavity fill condition when the other operating
parameters were optimised. Excessive gas entrappment was only found to occur
in a critical range of first stage velocities, and under these conditions, 
improvements in the casting quality would result from a constant plunger 
acceleration in the first injection stage.
2.7.2 Flow Behaviour with Injection of Semi-solid Slurry
The improvements in die-casting quality resulting from modified fluid flow 
have been studied by Schottmann. Injection of a semi-solid slurry offers the 
possibility of stabilising the flow patterns as a result of the increased 
viscosity. This is equivalent to decreasing the Reynolds Number below the 
critical level for the laminar-turbulent transition with the particular die 
configuration used. Turbulence in the gate region is undesirable and can lead 
to the atomisation of the material as it enters the die cavity. The Reynolds 
Number R« represents the ratio of inertial forces to viscous forces in the 
system;
R« = dVp/p [2.293
d: effective hydraulic diameter of gate v: gate velocity 
p: fluid density p: fluid viscosity
The effective hydraulic diameter of the gate d depends on the gate dimensions 
a (width) and b (length) as follows;
d = 4ab/(a + b) [2.303
For the configuration of flow at the gates in a die-casting machine, the 
critical Reynolds Number is in the region of 400. The susceptibility of the 
stream to atomisation at the gate also depends on another group which takes 
into account the surface energy of the fluid as a stabilising parameter.
This has been defined by Ohnesorge as the Z Number (from Hong et al, 1978).
Z = p(pArD)1''2 [2.313
tr: surface energy
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An alternative parameter is the Veber Number which expresses the ratio of the 
inertial to surface tension force.
V* = v(pD/<r>1/2 [2.323
The dependence of the flow mode on the Z parameter has been tested by Hong et 
al (1978) by direct observation of the flow in the gate region using fluids of 
varying surface energy. Schottman plotted fields of flow behaviour in Z-R- 
space to give an Ohnesorge plot which defines the flow modes as shown on 
Figure 2.15. Regions of solid front jet flow, coarse particle jet flow and 
atomisation were identified and found to be reasonably consistent with 
experimentally observed flow modes. The physical behaviour is rather more 
clearly presented if the flow modes are mapped in terms of the Veber Number 
instead of the Z-Number, as in Figure 2.16. An optimal regime for die- 
injection is defined by upper and lower limits for both Reynolds and Veber 
Numbers respectively and the corresponding physical limitations are indicated 
on the figure. If the locus of points for liquid injection are plotted, it is 
clear that this process is always prone to turbulent flow. A similar locus 
can be plotted for the semi-solid slurry, taking into account the 
pseudo-plastic flow characteristics, The locus now passes through the 
optimal regime, mainly because the viscosity is increased by one or two orders 
of magnitude relative to the liquid locus. The Reynolds Number for 
die-injection could also be reduced by increasing the hydraulic diameter of the 
gate. However, this is limited by the requirement that the gate be narrow to 
facilitate fettling. Gate thicknesses are typically several millimeters .
2.7.3 Heat Flow in Liquid Die-Injection
A die-casting machine may be described as a heat exchanger in the sense that 
superheat and latent heat of fusion are extracted from the melt and dissipated 
in the machine. Heat flow in conventional liquid die-casting has been studied 
by Lindsey and Vallace (1968), Stuhrke and Vallace, (1966) and more recently 
by Granchi et al (1983) in both computer modelled and experimental analyses of 
die thermal behaviour. In particular, the analysis of Lindsey and Vallace
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evaluated theoretically and experimentally the melt heat losses in various 
elements of the die-casting process to allow a prediction of an optimum cavity 
fill time, defined as the maximum time allowable for the metal to fill the 
cavity without any concurrent solidification of the alloy. Superheat losses 
were evaluated in the ladle, shot sleeve, runner and die-cavity during a normal 
operating cyclej ladle losses were usually minimal, typically of the order of 
1 K for a residence time of 3 s. Losses in the shot sleeve were larger but 
heat transfer was found to be limited by the insulating properties of the 
oxide-lubricant surface layer. Typical values were 10 - 15 K for a residence 
time of 3 or 4 seconds. Runner losses were generally not high, since runners 
tend to be fairly short and metal velocites high; typical losses were less than 
3 K.
The optimum fill time varies directly with the superheat, the casting weight 
and inversely with the temperature difference between the molten metal and the 
die, the overall heat transfer coefficient and the surface area of the casting. 
Optimum fill time was determined experimentally by identifying a cavity fill 
time which would produce a surface finish of decorative quality. The 
difficulty with this analysis is that very small variations in the lubrication 
layer thickness lead to large errors in calculating or measuring the optimum 
fill time, because of the effect this has on the surface finish, but reasonable 
agreement was still demonstrated between experimentally determined and 
predicted optimum fill times. The particular definition of optimum fill time 
used by Lindsey and Vallace follows from the improvement in flow 
characteristic with lower gate velocities as previously described.
No account was taken of the viscous heating of the melt by conversion of flow 
energy. According to Granchi et al (1983), this can be appreciable although 
there is disagreement between researchers about the details, with particular 
reference to the transfer of this energy between the liquid and the gate region 
itself. Temperature rises also depend on the gate configuration (increasing 
with the aspect ratio of the die). Typical values calculated predict a local
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rise of 65 K for an injection velocity of 20 m s-1 rising to 170 K for a 
velocity of 40 m s-1.
An accurate calculation of local solidification time for castings requires 
detailed thermophysical and geometrical data for the system and is best 
approached using numerical techniques. However, generalisation is possible 
since solidification time is not extremely sensitive to superheat and die 
temperatures are usually set at around 470 K. For example, in the study by 
Stuhrke and Vallace (1966) for a range of light alloys, the local 
solidification time is related to the casting thickness under typical 
conditions as follows
d > 12 mm 0.017 d2 < t« < 0.034 d2 (s) [2.333
d < 3 mm t» proportional to d
d: casting thickness (mm) t«: local solidification time (s)
This is consistent with the results of the investigation of aluminium alloys 
by Granchi et al who obtained for aluminium alloys
t. * 0.025 d2 (s) [2.343
These relations indicate that solidification in the thicker sections takes 
place under strongly non-Newtonian conditions, in which the heat flux is 
controlled by the thermal resistance of the mould rather than the heat 
transfer at the interface. This is consistent with the observation that the 
solidification time is not particularly sensitive to the nature of the die 
lubricant layer. This contrasts with the behaviour observed with the thinner 
sections, for which the heat flux is limited by the interfacial heat transfer 
so that the heat flow is Newtonian.
It should be noted that there is an inherent problem with liquid die casting: 
slow velocities are desirable for improved fluid flow whereas high velocities 
are required to prevent premature solidification. This is shown by the 
position of the locus for liquid injection plotted in Figure 2.16; the line does 
not pass through the optimized field so that castings produced by liquid die- 
injection are intrinsically prone to defect formation.
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2.7.4 Heat Fow in Die-Injection of Semi-Solid Material
It should be noted that the solidification times for die injection of the 
slurry will be much shorter, owing to the lower heat extraction necessary for 
solidification. Accordingly, if the value of the heat transfer coefficient is 
unchanged for the die injection of slurry, the solidification times will be 
reduced by a factor which increases with the fraction of solid in the charge. 
The effect of this on casting fluidity has been investigated by Pai and Jones 
(1985) in a study of Sn-15%Pb alloy slurries; they found that measured casting 
fluidity is proportional to the initial fraction of liquid and that the 
interruption to flow occurs by freezing at the advancing tip. Casting fluidity 
was found to decrease sharply with increased rest time after stirring as the 
structure builds up.
In the die-inject ion of semi-solid slurries, the thermal history experienced by 
the die face is of particular interest since this is one of the most important 
factors in determining the life of the die, especially in the casting of higher 
temperature alloys. Lower casting temperatures and less latent heat to be 
removed implies that die shock is reduced with the injection of semi-solid 
slurry. This is difficult to measure directly but monitoring of the thermal 
response at selected points in the die permits an extrapolation to the actual 
die face using numerical techniques. Experimental investigations have been 
carried out by Backmann et al (1977) for pressure die-casting of high 
temperature alloys and also by Mehrabian et al (1979) for the die thermal 
behaviour in the related process of thixoforging with aluminium alloys. 
Correlations of the computed and measured die temperatures in both cases 
permits a calculation of a value of the heat transfer coefficient at the 
cavity-die interface. Backman identified a marked reduction in maximum die 
surface temperature with the semi-solid slurry (0.57 f. bronze alloy, 
88%Cu-10%Sn-2%Zn) instead of a superheated liquid; this is attributed to lower 
heat transfer coefficients with the slurry as shown on Figure 2.17. The 
results of a series of experimental measurements of the variation of the die
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face heating rate with the fraction solid of the slurry is shown in
Figure 2.17(b) which shows clearly how the heating rate drops as the fraction
solid increases.
Fitting of the computed thermal response to that measured requires the use of 
a variable heat transfer coefficient which decreases to a lower level as soon 
as the die cavity is completely filled, i.e. the heat transfer coefficient 
decreases as the fluid velocity decreases. This is predicted from basic heat 
and fluid transport theory. For example, Backman fitted heat transfer 
coefficients of 1.26 10s V/nfK falling to 1.7 103 for the fully liquid alloy, 
and 6.3 103 W/mK falling to 3.4 103 for the semi-solid slurry.
The maximum die face temperature was calculated to be 1070 K with the 
superheated liquid charge injected at 1370 K and 590 K for the semi-solid 
charge cast at 230 K. Moreover, the initial rate of temperature change on die- 
injection was much higher with the fully liquid charge (2.5 10A K s-1) 
compared to that experienced with the semi-solid slurry (8.2 103 K s_1).
The improvements in die life resulting from reductions in the maximum die face 
temperature and the heating rate have been investigated by Young (1977) as 
part of the M.I.T development of thixocasting ferrous alloys. The development 
of mould damage was traced with the number of shots cast in 304 Stainless 
Steel for a number of different die materials; it was found that steel dies 
were prone to considerable damage after several hundred shots but very little 
damage occurred with copper based dies. Although these alloys have a 
relatively low softening temperature, the thermal diffusitives are 
approximately ten times higher than in the steel dies so that with appropriate 
casting practice, the maximum die face temperatures predicted are not expected 
to exceed 570 K. This practice involves casting the material at fractions 
solid in excess of 0.5, surface quenching the dies to near room temperatures 
and minimising the contact time by ejecting the casting after a residence time 
of only approximately 0.2 seconds. Apart from the thermal advantage offered
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by the high diffusivity mould, there are additional potential benefits 
resulting from the use of the copper-chromium die material;
1) It is a casting alloy so that it should be possible to cast preforms and
hence radically reduce the cost of the die.
2) Die design may be simplified since surface quenching eliminates the 
requirement for internal die cooling.
3) Operation of the dies from ambient temperatures reduces the start-up 
time.
2.7.5 Summary
The reduction of thermal shock experienced by the die is partly attributable 
to the reduced casting temperatures with the slurry, and partly to the lower 
heat transfer coefficient associated with the transport of a viscous slurry 
instead of a low viscosity liquid. The reduction in maximum die face
temperature, however, is due to the reduction in the quantity of latent heat to
be extracted. Improved die filling characteristics also result from the 
increased viscosity of the slurry relative to the liquid so that lower porosity 
levels result as well as less solidification shrinkage. Predictions of 
improved die-filling have been confirmed by direct observation, and the lower 
temperatures and heat fluxes associated with the casting of a slurry do permit 
the casting of ferrous alloys with little die damage, especially with surface 
quenched copper dies.
- 80 -
2.8 POWDER HETALLURGY
Much of this thesis is concerned with the synthesis and subsequent processing 
of structures from powder compositions. Accordingly, some consideration of 
the relevant principles of powder metallurgy is appropriate, with particular 
reference to the practice and understanding of liquid phase sintering.
The process of sintering involves the reduction of an excess free energy 
arising from the highly developed surface of the powders as free volume is 
decreased. In solid state sintering, the controlling factors are diffusion, 
plastic flow and recrystallisation; the presence of a liquid phase accelerates 
mass transport by diffusion and in addition, meniscus surface forces acting on 
the particles cause them to be drawn together so that the sintering material 
is effectively under a hydrostatic pressure. Another effect is that the 
presence of liquid in the contacting regions of the particles can reduce 
friction and facilitate particle rearrangement which is an important step in 
the densification process. Early work with a number of systems indicated that 
the sequential stages of liquid phase sintering could be represented by the 
following stages;
1) Viscous flow of liquid with particle rearrangement
2) Solution reprecipitation mechanisms.
3) Formation of a rigid skeleton and solid state sintering.
These processes occur at different rates and lead to a progressive increase in 
density which may be indicated on a densification curve. Some of these 
aspects of liquid phase sintering have been considered in the section on 
slurry stability (section 2.5) with particular reference to the work of 
Courtney in devising sintering maps to predict structural development.
More recent theories emphasise the importance of pore mobility in accounting 
for the final densification behaviour (Park et al, 1984).
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2.8.1 Liquid Flow and Particle Rearrangement
Provided that the interfacial energies are such that the liquid penetrates 
between the contact regions, the pores in the structure begin to be filled and 
the solid particles can make small local rearrangements under the effects of 
surface tensions so that the density increases relatively rapidly. This is 
most pronounced in systems showing little solubilty as is the case with heavy 
metals such as W-Cu, V-Ag and Ko-Cu.
The initial free volume in a structure is typically 25% or more, depending on 
various packing factors. If the quantity of liquid phase formed during 
sintering is sufficient, the theoretical density can be attained by regrouping 
alone. Kingery (1959) estimated that the minimum fraction of liquid required 
for the sintering of spherical particles by this process was approximately 
35%. The degree of densification decreases with lower fractions of liquid and 
other processes must account for the densification process. Current models 
for liquid phase sintering are based on the observation that full densification 
requires a secondary particle rearrangement which can only take place once the 
liquid matrix has fully penetrated the solid grain boundaries.
2.8.2 Solution-Precipitation Processes
The general principles of solution-precipitation phenomena have already been
*
considered in section 2.5.1, although this was in the context of 
microstructural coarsening. Densification by solution-precipitation is most 
significant where there is a high solubility of the refractory component in 
the lower melting component. Densification at low fractions of liquid requires 
a change in the particle shape so that a condition of close packing is 
approached and two mechanisms are proposed for this in the classical 
description of liquid phase sintering.
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The first mechanism, originally proposed by Kingery (1959) arises from the
meniscus forces acting between contacting particles when a small amount of
liquid is present in the gap. At the contact point, the liquid film is at its 
thinnest and the local pressure, and hence solubility, is highest. As with the 
Ostwald Ripening process, solid is transferred from the contact zone to other 
areas on the surface. Densification takes place as the centre-to-centre 
distance of the particles is reduced.
The second process is Ostwald ripening as described previously. It should be 
noted that Ostwald ripening itself only affects the size scale of the structure 
and has only a secondary effect on the densification process; the influence on 
densification behaviour may be through the coarsening of grains to a critical 
size for pore filling as suggested by Park et al (1984).
2.8.3 Pore-filling Processes
Pores arise in LPS structures from two sources;
1) Free volume in the green compact
2) From the lower melting phase material which is drawn into the 
surrounding structure by capillary forces during melting. The development 
of high integrity structures by liquid phase sintering requires elimination 
of pores as far as possible.
The problem of pore filling is therefore central to any discussion of sintering 
and has been addressed by many researchers (Park et al, 1984; Kingery, 1959; 
Kang, 1984). Techniques recently developed allow direct observations of grain 
growth in the vicinity of large pores using etch boundaries formed within the 
grains during a cyclic sintering treatment.
Park et al (1984) investigated pore filling behaviour by sintering Fe-Cu and 
V-Ki compacts with pores introduced by incorporating spheres of the lower 
melting phase in the appropriate size range. A typical Fe-Cu alloy consisted
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of 5 jim iron particles with 8% of 125 - 150 pm spherical copper particles 
sintered under hydrogen for times up to 24 hours. General observations were 
as follows;
1) An incubation period of approximately two hours is required before pores 
begin to be filled.
2) Smaller pores are filled before the larger pores.
3) Pores of a given size fill more easily with increasing fractions of liquid
4) A small gas bubble is trapped at the site of the pore when the pore is 
filled; this can disappear at a rate determined by the diffusivity of the 
gas in the liquid.
The authors discussed pore filling processes in terms of the local equilibrium 
between grain sphering forces and the meniscus forces in the region of the 
pore. Grain sphering forces are caused by the tendency for grains to reduce 
their surface energy by maintaining a spherical shape. The shape that 
particles assume in a locally densified region adjacent to a pore is determined 
geometrically by the local fraction of liquid; a high fraction of liquid, i.e. 
>26% allows the grains to assume a spherical shape whereas lower fractions 
require a closer packing of the particles so that they develop an anhedral 
morphology with a higher total interfacial energy. These sphering forces are 
equivalent to a negative effective pressure on the surface of the specimen 
which must be balanced by the surface meniscus forces.
As a result of grain growth or coarsening caused by prolonged sintering, the 
equilibrium meniscus radius increases and eventually approaches the radius of 
the pore itself. Further grain growth causes liquid to flow into the pore.
This model accounts for the observed incubation time required and also the 
dependency on pore size and volume fraction of liquid.
Studies of densification behaviour in the Xo-4%Ni system by Kang et al <1984) 
suggest that structural homogenisation after a pore collapses is caused either
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by simultaneous grain flow or by preferential precipitation so that grains 
grow into the liquid pocket.
2.8.4 Dimensional Changes
The behaviour of the system in the early stages of sintering is of 
particular interest because the formation of the liquid phase is usually 
accompanied by some dimensional change. Considerable swelling may be 
generated instead of the required densification; this is considered to be 
deleterious because it reduces the dimensional accuracy with which a sintered 
component may be produced.
There is some controversy attached to the origin of this dimensional 
instability. Lee and German (1985) asserted that it arises from diffusion of 
the solute into the solid phase whereas Tabeshfar and Chadwick (1984) 
supported the view that swelling is caused by a redistribution of liquid as it 
flows under capillary forces from the original sites to the spaces between 
adjacent particles, so that the centre-to-centre distance between particles in 
increased.
German and Rabin (1984) formulated general criteria to predict sintering 
behaviour and select systems which are most likely to form optimised 
structures. According to these criteria, liquid phase sintering behaviour is 
principally controlled by solubility and diffusion effects:-
1) Solubility.
This is a thermodynamic factor. Simply stated, densification by diffusive 
liquid transport in the liquid phase is promoted if the base material has a 
high solubility in the additive (liquid) phase; the reverse solubility, i.e. 
that of the additive in the base, is preferably low so that the additive is 
not rapidly absorbed during sintering, as in transient liquid phase 
sintering. These considerations are equivalent to the statement that a high
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solubility ratio is most appropriate to enhanced liquid phase sintering.
This is written as
Sa /Sb »  1
Sb: solubility of the base in the liquid phase 
Sa : solubility of the additive in the base.
Low solubility ratios are usually accompanied by some swelling during the 
sintering operation. This is the case in the Fe-Al system (Lee and German, 
1985) in which the green compact swells as the aluminium dissolves and 
diffuses into the Fe base; large stable pores are left at the original sites 
of the aluminium particles.
2) Diffusion behaviour
The diffusion behaviour controls the kinetic approach to the condition 
determined by the solubility ratio previously mentioned. In liquid phase 
sintering, the presence of the liquid phase automatically provides a high 
diffusivity path (which is absent in solid state sintering).
The application of these principles is in general consistent with sintering 
practice in a number of systems. In particular, it is successful in explaining 
the reduction of swelling in the Fe-Al system noted when the addition of Al is 
via a prealloyed instead of elemental addition.
However, this description neglects the effect of liquid flow between grains 
which can contribute to the swelling. This has been investigated in the Fe-Cu 
system (Tabeshfar and Chadwick, 1984) in which there is considerable evidence 
that the rapid expansions taking place during the early stages of sintering 
are caused by the penetration of the low melting phase into the interstices of 
the compact. If the grain boundaries are completely wetted by the liquid, then 
the liquid film separates the particles and a stable pore is left at the 
original site of the Cu particle. The expansions generated are approximately 
9% according to dilatometry measurements but Tabeshfar and Chadwick estimated 
that the contribution of the diffusion flux to the swelling is only of the 
order of 1%. They noted that the swelling behaviour must depend on the size
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and structure of the constituent powders and in their study, the following 
variables have been investigated;
1) Size of Cu particles: larger Cu particles are found to lead to greater 
swelling but the swelling rate is not affected.
2) Size of Fe particles: in the range of Fe particle sizes studied
« 100pm) the dilatation increases with increasing particle size. Swelling is 
reduced for particle sizes in excess of 150 pm.
3) Internal structure of the Fe powder: powders with high specific surface 
area or internal porosity are less prone to swelling and may even densify on 
sintering. A consideration of the surface energetics demonstrates that the 
internal pores are filled in preference to the intergranular sites and so the 
liquid fraction available for swelling is reduced.
4) Compaction pressure: powders of high specific surface tend to swell to a 
greater degree on increasing the compaction pressure up to approximately 
700 Xpa. This is a consequence of the closure of the internal pores at the 
higher compaction pressures (these are energetically favourable sites for 
entrapped liquid where it cannot contribute to swelling) so that the liquid 
formed then flows between grains, leading to swelling as described.
The swelling on sintering may be reduced by introducing graphite as a minor 
additive. For example, 1 wt% of graphite was observed to reduce the expansion 
from 8% to approximately 2% in powders with low specific surface area; slight 
shrinkages may be induced in compacts formed with powders of higher specific 
surface area.
This behaviour correlated with the observation that graphite prevents grain 
boundary penetration by the liquid Cu phase; this is also consistent with the 
sintering response of different types of iron powder with graphite additions 
and also with direct measurement of the dihedral angle between the Fe 
particles. Jamil and Chadwick (1984) measured a shift in the mean dihedral 
angle from 30* in compacts with no included graphite to approximately 32* in 
compacts with 1 wt% of graphite. The increase in dihedral angle must be due
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to a decrease in the ratio of solid-solid to solid-liquid interfacial energies; 
this controls the fraction of the grain boundary which is wetted by the liquid. 
Low values of the dihedral angle mean that most of the boundary is wetted so 
that the liquid flow can take place; higher dihedral angles reduce the fraction 
of wetted surface so that the liquid flow is restricted.
2.8.5 Supersolidus Sintering and Liquid Phase Sintering
Supersolidus sintering occurs when a prealloyed powder compact is heated above 
the solidus temperature for the indicated composition. Particles partially 
melt and the liquid formed serves to promote rapid densification and sintering 
of the compact.
Pre-alloyed powders tend to be too hard to form good green compacts in 
ferrous powder metallurgy and pressing dies suffer rapid wear; these systems 
are therefore not much used in industrial powder metallurgy. In ferrous 
powder metallurgy, alloy additions are made through the introduction of low 
melting alloy particles which confer the advantages of liquid phase sintering 
on the process (Fischmeister and Larsson, 1974; Huppmann and Hirschvogel,
1978), Another significant feature of this approach is that at present, it is 
more economical than the production and processing of pre-alloyed powders.
Accordingly, there has been relatively little work reported on supersolidus 
sintering, although one study by Bala and Lund (1979) reported the behaviour 
of supersolidus sintering in the Cu-Hi system. Particles heated above the 
solidus began to melt at high angle grain boundaries (at particle contacts) 
and shortly afterwards at intragranular sites inside the particles where liquid 
pools formed with a mean planar spacing of approximately 13 pm. Microprobe 
examination indicated that full phase equilibrium is established after only 
approximately 3 minutes at the sintering temperature; this is much faster than 
the equivalent time for liquid phase sintering of the same size particles where
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diffusion has to take place over dimensions of the order of the particle 
radius before equilibrium is established.
The onset of sintering leads to rapid contact flattening and close-packed 
clusters of particles are formed; these densify as the particle centres 
approach each other and the interstices are filled with liquid. Dilatometric 
data, plotted as log-log shrinkage-time plots, shows that there are four 
kinetic stages in the sintering process, although the physical mechanisms 
associated with these stages is not too clear.
Bala and Lund (1979) summarised their observations of supersolidus sintering 
behaviour as follows;
1) Ho particles completely melt.
2) All particles partially melt.
3) Liquid need not move over distances larger than the particle diameter so 
that particle rearrangement is unlikely to to be responsible for early 
densification.
4) The dihedral angle is zero at all times.
5) Short distances between nucleation sites for melting allow rapid approach 
to phase equilibrium by solid state diffusion.
This may be contrasted with ordinary liquid phase sintering behaviour;
1) Some particles and clusters of particles melt completely.
2) Liquid may flow over comparatively large distances as a result of 
capillary forces. If the liquid wets and penetrates the contacts then the 
flow can produce particle rearrangements.
3) The dihedral angle may be greater than zero so that solution 
reprecipitation effects may be impeded.
4) The approach to phase equilibrium requires solid state diffusion over 
comparatively large distances.
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Chapter 3
CONSTRUCTION AND OPERATION OF A STIR-CASTING MACHINE
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3.1 INTRODUCTION
In view of the defined objectives of the project, it was necessary to construct 
a machine to supply sufficient quantities of semi-solid slurry to allow die 
casting experiments using the die caster at the Fulmer Research Institute. As 
this die caster had been specially adapted for die injection of aluminium base 
slurries produced at Fulmer, it was decided that the experimental stir-caster 
should be designed to produce aluminium based slurries in kilogram quantities. 
Although production of slurry at Fulmer is based on a modified continuous 
casting process, the experimental caster was designed with the same general 
configuration as the M.I.T type as this is more appropriate for a laboratory 
scale machine and also allows independent control of shear rate and 
throughput. This is in common with other laboratory scale production units 
(Lee, 1983; Holenaar et al, 1985; Furthen, 1984) in which a rotating stirrer in 
the solidification zone agitates the alloy to generate the slurry.
3.2 DESIGN REQUIREMENTS OF STIR-CASTER
Different structures may be generated by a stir-caster according to the actual 
operating conditions used with particular reference to the cooling rate and 
shear rate experienced. Accordingly, good control or monitoring of the 
following variables are required: thermal condition, throughput, shear rate, and 
torque on rotor.
The monitoring of the torque on the rotor is necessary as this is a sensitive 
indicator of the mean fraction solid in the solidification zone. As the caster 
was to be used with aluminium base alloys, it was important that the caster 
be materially compatible with this in terms of possible damage caused by 
contact with molten aluminium or by oxidisation of components at the required 
operating temperatures.
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3.3 DESIGN AND CONSTRUCTION OF CASTER
3.3.1 Stir-Casting Crucible Assembly
The design of the crucible assembly is shown in Figure 3.1. This is the most 
important component in the system. Materials used in the construction of 
crucibles for stir casting of aluminium base alloys have included stainless 
steel with resistant coatings, graphite, alumina and graphitised alumina. This 
latter material has been used in the fabrication of a series of stir-casting 
crucibles by the Vesuvius Crucible Company because of the combination of high 
heat transfer provided by the graphite content and resistance to attack by 
molten alloy or oxidation on exposed surfaces.
One of these crucibles was made available for this study by the Department of 
Metallurgy of Sheffield from a small stock kept for use with their own 
laboratory stir-caster. Although this was effectively irreplaceable, the 
anticipated lifetime with casting aluminium based alloys was considered to be 
adequate for the purposes of this project. The caster was effectively built 
around the crucible with features built in to enhance the life as far as 
possible. In particular, provision was made for separate melting of metal 
because the temperatures required for melting at a reasonable rate are 
considerably higher than the normal operating temperature of the stir-casting 
crucible; damage occurring during melting is a frequent reason for the failure 
of these crucibles.
One aspect of the design represents a significant departure from the M.I.T. 
pattern. This was the method of controlling the flow rate of material through 
the caster. In the M.I.T. caster, the throughput of slurry is controlled by 
adjusting the clearance between the end of the rotor and the exit nozzle. 
Reported experience with casters of the M.I.T, type has indicated that this 
method of flow control is extremely sensitive to the clearance, and requires a 
complex mechanism which is difficult to operate (Nurthern, 1984).
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The stir-caster built for this project was designed with a separate valve just 
above the exit port to allow direct control of the flow.
3.3.2 Mechanical System
The crucible was located in a steel framework rigidly fixed to a supporting 
wall. Adjustable clamps at two levels were used to support the crucible and 
accurately align it with respect to the stirring rotor. The rotor was driven 
by an electric motor via a variable speed gearbox and a perpendicular gearbox 
mounted overhead the crucible; flexible couplings between the drive elements 
permitted alignments during assembly. The drive from the overhead gearbox to 
the rotor involved the transmission of the torque via a calibrated torque 
spring which allowed monitoring of the dynamic torque on the rotor with the 
appropriate instrumentation. This torque element required good axial alignment 
of the driven and driving members but free radial movement so that all the 
torque is transmitted via the spring. Mechanical resonances set up between 
the driving and driven parts of the torque element required damping which was 
generated by coating the sliding zone with a viscous vacuum grease. The rotor 
drive was via a 15 mm steel shaft which was constrained by two magneto 
bearings, the lower one being water-cooled since it was located in a hot zone 
close to the crucible.
The rotor was machined out of a graphite bar with axial grooves cut to 
improve fluid coupling with the slurry. This prevents interface slip in which 
most of the applied shear is accommodated in a region locally depleted of 
solid particles. The rotor was locked onto the steel drive shaft using an 
arrangement of collets and shear pins, leaving adequate clearance for the 
greater axial thermal expansion of the shaft relative to the graphite.
The throughput of material could be controlled using a graphite valve located 
in a graphite insert cemented into the lower part of the crucible. This valve 
could be rotated by external manipulation of a bolt cemented into the stem of
- 93 -
the graphite projecting through a hole in the side wall of the crucible. 
Rotation of this valve (similar to a burette valve in operation) allowed the 
exit nozzle to be opened or closed as required. Close monitoring of the 
temperature in the valve region is necessary for adequate control and this is 
provided by a thermocouple located just behind the valve port. Local control 
of the temperature in this region is possible using two cartridge heaters 
located in the graphite insert, and two external band heaters.
3.3.3 Heating System
The top part of the stir-casting crucible was heated by a 450 kHz induction 
generator. Any breakdown of the insulation between the crucible and the 
induction coils led to arcing and so the copper coils were insulated from the 
crucible by a sheath of glass fibre material and additionally by sections of 
silica tubing. Heat losses from this section of the system were minimised by 
winding ceramic fibre blanket around the crucible. Switching of the output 
from the induction generator allowed the melting crucible to be heated by the 
same source. Some difficulties with this system were encountered due to 
parasitic field induction in the loop which was not energised; this sometimes 
led to arcing or even failure of the generator. This problem was eventually 
solved by short-circuiting the coil which was not energised. Additional local 
heating was provided, principally to prevent freezing of material in the valve. 
This was provided by two 400 V high temperature cartridge heaters and two 
250 ¥ high temperature band heaters. These heaters were driven by Eurotherm 
thyristor units with power levels set manually as required.
3.3.4 Instrumentation
Instrumentation was provided to monitor the thermal condition of the caster, 
the rotational speed of the drive shaft and the torque on it. Thermal 
monitoring was by means of sheathed K-type thermocouples located at various 
points in the apparatus. Thermocouple outputs were connected to a proprietory
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unit which was interfaced to a microcomputer for conversion into a temperature 
reading. Filtering of the thermocouple outputs with tuned pass filters was 
necessary to reduce interference from the induction generator which caused 
considerable signal distortion.
Monitoring of the rotational speed of the rotor was facilitated by an optical 
switch device. This was activated once during every rotation when a slotted 
disc attached to the drive shaft was brought in line with the optical sensor 
and a light source located opposite. The optical switch activated a TTL relay 
which acted as an input into the microcomputer where a machine code counting 
loop timed the period of rotation with a precision of 13 ps. The design 
included two of these timing devices, one above and one below the torque 
element on the drive shaft; the machine code counting routines measured the 
relative phase shift between the two signals to give the angular displacement 
across the torque element. The torque transmitted through the drive shaft was 
then known since the torque element is a Hookean helical spring with a spring 
constant determined by a static calibration. One problem with this 
measurement of torque was that the temperatures above the crucible were found 
to be too high for the optical switches. This was satisfactorily solved by 
relocating the optical switches in a cooler region of the casting machine and 
transmitting the optical signals from the torque element using optical fibre 
bundles.
3.4 OPERATING PROCEDURE VITH STIR-CASTER
Al-4%Si was chosen as the alloy for stircasting. At this composition the 
liquidus temperature is about 900 K and the freezing range, extending down to 
the eutectic temperature at 850 K, was 50 degrees which was expected to be 
sufficiently wide for easy thermal control of the fraction solid.
The charge was heated in the melting furnace while the stir-casting crucible 
was heated as far as possible using the resistance heaters with maximum
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insulation applied to the lower part of the crucible. Shortly before the melt 
was to be tapped, the main crucible was pre-heated by switching the power on 
the induction generator from the melting furnace to the main crucible. Metal 
was poured into the crucible with a superheat of approximately 100 K and the 
main power levels adjusted to drop the melt reservoir temperature to 1120 K.
At this stage, the insulation around the lower stirring chamber could be 
removed and the air cooling turned on. Provided that the temperature 
indicated at the valve was sufficiently high, tapping of stir-cast material 
could begin when the indicated torque value began to rise, indicating increased 
viscous drag due to the formation of primary solid.
3.5 OPERATING EXPERIENCE WITH THE STIR-CASTER
The first effect noted was a tendency for the rotor to jam soon after the air 
cooling was applied. An increase in torque could be detected after as short a 
time as 30 s after the onset of cooling. Once jammed, the rotor could only be 
freed by heating the whole of the crucible until the fraction solid in the 
shear zone had dropped. In practice, this required considerable excess 
superheat and it is possible that this may have damaged the crucible. This 
problem was, in part, a consequence of the rotor design and it has been noted 
that a square rotor might be much less prone to jamming.
In normal operation, the valve was found to operate satisfactorily, with no 
leakage in the closed position with fully liquid melts so that the action 
remained relatively free. When the valve was open, stir-cast material would 
exude from the nozzle and drop into the ingot mould or onto a quench plate, 
although flow rates were generally found to be rather low even with the valve 
fully open so that the throughput was probably limited by the nozzle 
configuration.
The operation of this experimental caster confirmed the view of Molenaar et al 
(1965) that the control of the caster requires monitoring of the torque in
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addition to monitoring of the thermal state, since considerable fluctuations in 
the recorded torque, indicating changes in the fraction solid in the shear 
zone, were frequently observed even when the measured temperatures appeared to 
be stable.
3.6 DIFFICULTIES EXPERIENCED WITH THE STIR-CASTER
Severe problems arose from the accumulation of oxides and debris in the 
stirring chamber. Although the melt surface was under argon cover, the 
protection afforded was not perfect and so after several hours of operation, 
the total quantity of dross accumulated must have been quite considerable.
This could not be removed, due to the inaccessability of the casting crucible. 
After tapping slurry for about 20 minutes during an experimental run, the flow 
ceased and did not resume, even when all the heaters were turned up to remelt 
all the material. Excess heating may have cracked the graphite insert in the 
crucible base since the cartridge heaters were short circuited by a local 
leakage of metal. Without these cartridge heaters, the valve temperature 
dropped and there remained no easy method of emptying the crucible. All 
subsequent efforts to melt out the contents of the crucible were unsuccessful 
and so experimentation on this apparatus ended.
3.7 GENERAL COMMENTS AND OBSERVATIONS
It is clear that the production of slurry with the stir-casting machine was 
inadequate for the objectives as defined in the introduction of this section. 
The reasons for this may be divided into several sections which are briefly 
outlined in the following sections.
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3.7.1 Equ ipment Limitations
The most apparent limitation is that only one induction generator was 
available for the caster although separate induction heating of the lower part 
of the crucible would have been more appropriate to give fuller control over 
the thermal condition of the caster, as evident in M.I.T. designs. Heating of 
the shear and valve zones by resistance heating elements in the form of 
cartridge or band heaters is not sufficient to give the heating power required 
to give a fast enough response for adequate control. These elements were also 
operating near the upper limit of their temperature range so that they 
represent an intrinsic weakness in the system.
3.7.2 Design limitations
Many of the design problems stem directly from the equipment limitations 
already indicated. In general, it seems that many of the difficulties 
experienced may be attributed to the decision to construct a continuous caster 
as opposed to a batch stir-caster since a continuous caster does require more 
sophisticated design and control. A batch caster is more viable with only one 
induction generator as the primary heat source since the control is less 
critical and overall design can be much simpler.
One particular aspect which might have improved the operation of the caster is 
the rotor design. The cylindrical rotor used leaves a narrow gap of only 
approximately 3 mm; although this is an efficient configuration for generating 
shear in the gap, the mass of material in the solidification zone is small so 
that small perturbations in the thermal field result in large fluctuations in 
the fraction solid which can cause the rotor to jam. This was found to be a 
frequent problem with the caster and is probably a principal reason for its 
disappointing performance. The problem is reduced in some stir-casting 
machines by using a square section rotor which increases the thermal inertia 
in the solidification and shear zones. Another very significant aspect of the
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design which led to problems was the complexity of the rotor drive system. 
Once the crucible and rotor had been installed, it proved to be extremely 
difficult to dismantle so that it was not possible to inspect the interior of 
the crucible or to remove any accumulated dross. This was partly due to the 
installation of a cover plate designed to prevent the ingress of air and 
maintain an argon gas cover to protect the graphite rotor and the crucible 
interior. Ideally, the crucibles are expendable after several casting runs and 
the rotor drive arranged so that it can easily be removed to allow replacement 
of the rotor as necessary and removal of all remaining debris from the 
crucible.
It is not clear whether the valve design contributed to the failure of the 
caster. Although the valve did control the flow in normal operation, it is 
probable that the design limited the dimension available for the exit nozzle 
(i.e 6 mm diameter); as the slurry passing through the valve is no longer 
being sheared, the resulting increase in the viscosity causes the throughput to 
drop. Moreover, it seems possible that the nozzle was finally blocked by 
oxides and debris since it was not possible to empty the crucible at the end 
of the last experimental run. However, this blockage persisted even when the 
valve had been removed so that the blockage must have occurred between the 
valve and the stirring chamber, i.e. not in the valve itself.
Further specific limitations are concerned with the morphology of material 
produced by the caster; these consist of blobs which splatted into the mould 
or on to the quench plate. Some of these are shown in Figure 3.2 and typical 
microstructures are shown in Figures 3.3(a) and 3.3(b). The production of stir 
cast material as irregular splats is clearly not very appropriate for 
subsequent die casting so that some consolidation treatment would be necessary 
before die injection is possible. Moreover, the microstructures generated 
indicate a wide variability in solid globule morphology and fraction solid 
prior to quenching.
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3.7.3 Intrinsic Limitations
Some of the intrinsic difficulties associated with the process have been 
discussed in the literature, with particular reference to the fundamental heat 
flow and control limitations. Production of slurry by stir-casting is an 
intrinsically difficult process, demanding sophistcicated monitoring and 
control. Even with optimised design, the simultaneous requirement for the 
extraction of heat and the generation of high shear rates means that the 
process has a low throughput. Moreover, the process is inherently unstable 
because an increase in throughput as a result of a thermal fluctuation would 
lead to lower fractions solid, hence lower viscosities and faster flow rates.
3.8 CONCLUSIONS
Although the idea of shearing metal as it solidifies is relatively simple, the 
problems associated with translating this into a working process are 
considerable. After much time and effort, the construction of this 
experimental caster has failed to serve the required objective of providing 
semi-solid slurry with a well controlled microstructure in quantity for the 
die-injection experiments. A good understanding of some of the problems of 
producing metals as semi-solid slurries in this way has been gained and in 
view of these, it was decided that further development of the stir-caster could 
not be justified and that some other method of producing slurry was required.
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Chapter 4
THE PRODUCTION OF SLURRY BY A POVDER PROCESSING ROUTE
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4.1 INTRODUCTION
Experience with stir-casting had demonstrated clearly that this was not a 
satisfactory approach to the problem of producing material with a well defined 
and controllable microstructure (and solute distribution) in sufficient 
quantity for die-casting experimentation. Some other approach was required 
and the method chosen was a powder processing route; the basic principles of 
this process have been described by Young and Clyne (1986) (see enclosed).
In this approach, the slurry structure was synthesised in a process which 
resembles the production of liquid phase sintered structures; two powder 
compositions are blended, cold pressed and heated into the semi-solid range. 
One powder has a high solute content (matrix powder) and this melts on 
heating to form a liquid matrix for the lower solute content powder (primary 
powder) which may also partially melt. Vhen the billet has reached the 
selected temperature, it is transferred to a hot die for final consolidation. 
Billets produced in this way can have low porosity and exhibit a globular 
microstructure which is easily controlled and may be tailored for die injection 
when reheated into the semi-solid zone.
The development of the powder based approach to die injection required the use 
of a simple binary alloy system, which would be easier to interpret than a 
complex system. Some of the possible aluminium based systems considered were 
the following;
1) Al-Mg: Maximum freezing range 110 K
2) Al-Cu: Maximum freezing range 95 K
3) Al-Si: Maximum freezing range 80 K
The system which was developed was aluminium-magnesium, chosen because this
system offers the widest freezing range which gives easier control of the 
fraction solid and because a supply of suitable magnesium rich powder was 
commercially available in sufficient quantity from Metalloy Ltd,
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A typical example of the procedure is shown in Figure 4.1 which indicates how 
primary powder (which forms the solid globules in the slurry) and matrix 
powder (which forms the liquid phase) of composition Cp and C™ respectively 
are blended to give a mean composition Co. The example is with reference to a 
blend of 80wt%Al and 20wt% (Al-50wt%Mg) giving a mean composition of 
Al-10%Mg. The matrix powder melts at about 740 K and simultaneous 
dissolution of the alumininum powder maintains the local interfacial liquid 
composition at the equilibrium value. Vhen the solid matrix powder has 
completely melted, further heating allows more aluminium to melt so that the 
liquid composition decreases and the temperature begins to rise towards the 
temperature chosen for pressing.
The production of slurry by solidification routes and the powder route may be 
compared and contrasted;
1) Fraction Solid: in both cases, the equilibrium fraction solid is 
determined by alloy thermodynamics and is approached from some 
non-equilibrium state. Vith the solidification route, the inital state 
approximates to a solute partitioning described by the Scheil equation which 
relaxes towards equilibrium (lever rule) as solute back diffusion takes 
place, A similar relaxation takes place with material produced by the 
powder route although the initial state is defined by the powder 
compositions chosen. The different states of solute partitioning correspond 
to different fraction solid-temperature characteristics which are plotted out 
for an Al-10%Mg alloy in Figure 4.2. The curve corresponding to the powder 
process refers to the compositions indicated in Figure 4.1.
2) Size and Morphology of Solid Phase: the size and morphology of stir-cast 
structures is determined by the combined effects of solidification fluid and 
thermal conditions followed by any coarsening or agglomeration processes. 
Vith the powder route, the powder size and morphology is determined by the 
atomization production process. Vithin this limit and also subject to any 
microstructural changes taking place during processing, there is complete
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freedom to specify the size and volume fractions (and solute distribution) of 
the globules.
4.2 FABRICATION PROCEDURE
The procedure for slurry production involves the following stages;
1) Powder selection
2) Powder blending
3) Solvent extraction
4) Cold compaction
5) Preheating
6) Hot pressing.
The separate steps are now examined in greater detail.
4.2.1 Selection of Powder Grades
Production of powders by atomisation usually leads to a wide particle size 
distribution of which only a particular size fraction may be required. 
Separation of the desired fraction is usually by sieving or elutriation.
The primary powder used most frequently in the study was air-atomised 
aluminium of typical size distribution shown in Figure 4.3. The nominal 
composition of this powder (according to specification) was as follows; 
Aluminium 99.7 % (min) Magnesium 0.05% (max)
Iron 0.2 % (max) Manganese 0.1 % (max)
Silicon 0.17% (max) Zinc 0.03% (max)
Copper 0.05% (max)
The shape of the powder particles, as well the size, is an important variable; 
if the particles have a high aspect ratio then the viscosity of the slurry is 
increased. Spherical, or near spherical particles are preferred. Thick oxide 
layers on the surface are undesirable as they lead to inclusions in the 
structure and may also interfere with wetting of the primary particles by the
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matrix liquid. A typical morphology of the powder produced by air atomisation 
is shown in Figure 4.4(a); this may be compared with the more spherical 
morphology produced by inert gas atomisation as shown in Figure 4.4(b) and 
also the morphology of the matrix powder which is probably produced by 
mechanical attrition of larger particulates, shown in Figure 4.4(c).
The composition of the solute rich matrix powder (Al-50%Mg) is near an 
intermetallic composition and these particles are highly irregular and 
generally much coarser than the primary powder. The size distribution and the 
shape of the matrix powder is thought to be less critical than that of the 
primary particles due to the spreading of liquid through the structure as 
melting begins. However, this capillary transport of the liquid must depend on 
the packing density of the surrounding liquid and if the matrix particles are 
too large then inhomogeneities in local solute level (and hence fraction 
liquid) may develop.
4.2.2 Blending of Powders
The selected powders may be mixed dry in a tumbler or wet blended. In this 
study, wet blending in a Moulinex domestic liquidiser with the particles 
dispersed in industrial methylated spirits (IMS) as a carrier fluid was 
preferred as this was found to give the most uniform distribution.
4.2.3 Solvent Extraction
The blended slurry was allowed to sediment and excess solvent decanted for 
recycling. Separation of the blended powders during sedimentation arising 
from density or size differences was not found to be a significant processing 
problem; this might be a consequence of the relatively high concentration of 
the solid phase in the powder slurry. This brings the sedimentation into a 
regime of hindered settling in which collisions and interference between the 
particles prevents them from settling at very different rates, providing the
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difference between the component particle sizes and densities is not too great. 
The sediment was then dried by gentle heating.
4.2.4 Cold Pressing
Cold pressing of the powder cake into a compact forms part of the process 
route although it is not an essential feature. Powder is cold pressed because:
1) Precompaction assists densification and reduces final porosity levels.
2) Powders tend to swell during the preheating stage of the process. Loose 
powder tended to bind against the crucible wall which prevented transfer to 
the hot die for consolidation. A powder compact, however, can stand free in 
the crucible with adequate clearance to accommodate the expansion.
3) Heat transfer in a loose powder is very poor and the time taken to heat 
up to the pressing temperature is too high.
Blended powders were compacted using a double piston die exerting a 
directional pressure of approximately 185 MPa, shown in Figure 4.5. Billets 
are shown in Figure 4.6. A typical cold pressed structure, produced by 
polishing a section which had been inflitrated with resin, is shown in 
Figure 4.10(a); this shows that the cold-pressed billet is still fairly porous. 
This is consistent with density data deduced from the mass and geometry of 
the particles, which shows that the density of the cold-pressed billets is 
about 85%.
The actual compaction pressure experienced depends on the condition of the die 
and is reduced by frictional effects but it is probable that particles 
experience appreciable deformation. Application of a suitable die lubricant is 
necessary to assist the pressing and also to prevent damage to the die which 
can occur if the powder sticks to the die and is trapped between the ram and 
the die body. Some lower limit on the cold pressing pressure exerted is 
expected since the billet must have reasonable green strength so that it does 
not disintegrate during ejection from the die or during drilling of the
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thermocouple recess. The optimum pressure is not necessarily the maximum 
pressure that may be exerted; if the compaction pressure is too high then the 
reduction in free volume means that uptake of solute rich liquid is not 
complete so that residual pockets of liquid may form. This effect has been 
noted in a structure composed of fine (8-15 pm) aluminium powder and coarse 
(150 pm) Al-Mg. It has also been documented in dilatometric studies of the 
Fe-Cu and Fe-Al liquid phase sintered systems (Tabeshfar and Chadwick, 1984; 
Lee and German, 1985)
4.2.5 Preheat ing
Cold pressed billets are transferred to a graphite crucible for heating into 
the semi-solid range, as shown in Figure 4,7. The clearance between the billet 
and the inner diameter of the crucible must be sufficient to accomodate the 
swelling of the compact as melting of the matrix phase takes place (estimated 
to be approximately 7%); if this is not taken into account, the billet can bind 
against the crucible wall so that it cannot be transferred to the die for hot 
pressing. The clearance allowed was 3 mm on both sides of the billet.
Billets were heated indirectly by using an induction generator to heat the 
crucible. This method allows more uniform and controllable heating than 
heating by direct coupling of the billet with the induction field. Location of 
a thermocouple in a recess drilled into the billet allows continuous monitoring 
of the billet temperature. It is essential that the thermocouple be located at 
least several millimetres beneath the billet surface otherwise thermal contact 
is poor and the recorded temperature is misleading. A typical thermal history 
is shown in Figure 4.8.
Heavy oxide films were formed in structures produced by processing in air (see 
Figure 4.11(d). Oxide formation was reduced by the closure of the crucible 
with a lid through which argon was slowly bled to exclude air; flow rates of 
several cubic centimetres per minute were sufficient to prevent the ingress of
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air and thereby reduce the problem but oxides still appear in the final 
structures.
4.2.6 Hot Pressing
At the appropriate pressing temperature <833 K in the example), the crucible 
was transferred to the die held at about 570 K and the contents decanted into 
the cavity for consolidation. The die was located on the table of a 50 ton 
hydraulic press and consolidation effected by bringing down a ram which 
exerts a directional pressure of about 180 MPa (maximum) for approximately 
two minutes while final solidification takes place. The application of this 
pressure caused closure of the pores and also helped feed residual 
solidification shrinkage. The die assembly (Figure 4.9) consisted of a 
removable sleeve which fitted in the main body to form the cavity into which 
the preheated billets were decanted. After pressing, the ram was withdrawn 
together with the die sleeve. A spacing plate placed over the main die 
prevented the sleeve from dropping back into the die when the ram was brought 
down again and so the consolidated billet was expelled into the main cavity 
from which it was retrieved. This produced sound, cylindrical billets 60 mm 
in diameter and up to 75 mm long which could form the charge for a die 
injection operation (Figure 4.6).
A light coating of graphite-based lubricant on the inner surface of the insert 
helped prevent seizing of the die and facilitated the expulsion of the billet, 
although excess lubricant is to be avoided since this causes contamination of 
the billet surface.
The presence of this film also marginally reduces the surface heat transfer 
coefficient, which is significantly increased by the application of the 
pressure; preheating of the die is necessary to prevent premature 
solidification. The effect of pressure and lubricant layers in the equivalent 
thixoforging configuration have been investigated by Sekhar et al (1979) and
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it was demonstrated that the heat transfer coefficient increased from 
approximately 34 kV/m2K to 52.5 kV/m2K on application of 200 MPa; the 
presence of the relatively thin lubricating layer reduces the heat transfer 
coefficient but only to approximately 41 kV/m-K. (Modelling of the heat flow 
coefficient with the same die configuration used for squeeze infiltration of 
ceramic fibre preforms suggested values ranging from 20-50 kV/m^K). Under 
these conditions, the interface presents very little resistance to the heat 
transfer and a simple finite difference model based on cylindrical heat flow 
geometry indicates that the local solidification time for slurry during the hot 
pressing operation is only of the order of one or two seconds.
4.3 EFFECT OF PROCESSING VARIABLES
The most important processing variables were identified to be the billet 
temperature before hot pressing and the temperature of the die. It is expected 
that the consolidation pressure would be significant, at least in the sense 
that a critical minimum value would be necessary but the effect of this was 
not investigated,
4.3.1 Effect of Billet Temperature
The fraction of solid is not uniquely determined by the temperature because of 
the time dependent relaxation of the solute distribution towards equilibrium 
(lever rule). Moreover, the effective fraction of solid formed may differ in 
other respects since the solute distribution on reheating may cause internal 
liquation of the globules. The particular process implications are examined in 
chapter 5.
Effective consolidation requires a certain minimum fraction of liquid. This 
has been approximately identified in billets pressed from the same powder 
blend but at different temperatures. Billets produced from <75 pm powder at a 
pressing temperature of 843 K indicate noticable porosity which is absent in
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structures produced at the higher temperature of 843 K (the corresponding 
liquid fractions are 0.38 and 0.43 respectively). The minimum fraction liquid 
required appears to be sensitive to the primary particle size, i.e. billets with 
a coarser primary powder composition reqire a higher fraction liquid than fine 
structures.
The improvement in billet quality associated with pressing at higher 
temperatures (to increase the fraction liquid) is eventually offset by the 
deterioration arising from segregation (in the later stages of heating and also 
during pressing) as liquid is squeezed out of the residual solid network and 
the globular morphology becomes progressively destroyed. A particular 
difficulty with the process configuration used in this study was that the 
billets would collapse at higher temperatures so that they would be stuck in 
the crucible and could not therefore be transferred to the die for hot 
pressing.
4.3.2 Effects of Heating Rate
The need for control over the structure of the slurry imposes limits on the 
range of permissible heating rates. At the extreme limit of very slow heating, 
the structure is subject to evolution through the effects of solute diffusion, 
coarsening or particle coalescence as a result of the effective dwell time in 
the semi-solid field. Oxide formation due to incomplete exclusion of oxygen 
(even with inert gas cover) may also be troublesome at very low heating rates. 
These difficulies are reduced if the billets are heated more rapidly.
However, as the heating rate increases, there is a progressive reduction in 
control which arises from a number of sources. These are;
1) Thermal gradients are caused by uneven heating or radial conduction of 
heat from the surface into the interior lead to uneven melting across the 
billet section.
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2) The thermal inertia of the heating system is likely to lead to overshoot 
of the required temperature. In the configuration used, heat is transferred 
to the charge from a graphite susceptor which is heated by an induction 
generator. The heat transfer between the billet and the susceptor may 
increase rapidly if a liquid surface layer forms; this effect combined with 
the changing slope of the fraction solid vs temperature curve in the 
semi-solid field increases the risk of thermal overshoot at higher heating 
rates.
3) The state of back diffusion and hence the effective fraction solid vs T 
curve may not be well known at high heating rates.
4.3.3 Effect of Die Temperature
The die temperature is maintained at 570 K to avoid premature solidification 
of the billet before pressing is complete. This temperature appears to be 
adequate, although not necessarily optimised as no tests with different die 
temperatures have been undertaken.
If the die temperature were too low, the structure would not be fully 
consolidated as solidification in the surface region is complete before the 
pressure rises, i.e. surface porosity occurs. The importance of die temperature 
becomes more significant when alloys of higher melting temperature need to be
consolidated. Too high a die temperature would lead to slow solidification and
would probably increase the risk of the die seizing .
4.4 REHEATING OF BILLETS
Billets are reheated into the semi-solid range prior to die injection. In 
practice, rapid heating is required for the following reasons;
1) Less evolution of the microstructure takes place.
2) Less oxide is formed.
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3) Higher throughput is possible. Delivery of billets has to be matched to 
the requirements of the die-caster. Cycle times are typically 30s or less.
Billets were reheated using the R.F. generator at Fulmer Research Ltd (designed 
for this purpose) using a frequency of approximately 3' "»KHz; this frequency 
was chosen so that the field couples well with the billet. Coupling of the 
field with the billet depends largely on the skin depth of the excitation, 
where the skin depth is given by;
d = 35.7 (p/tp)** [4.13
d; skin depth (cm) p; resistivity (10 pQcm)
f; excitation frequency (4.5 kHz) p; relative permeabilty (1) 
Accordingly, this is evaluated as 1.7 cm. However, as the temperature 
increases, both electrical and thermal resistivities decrease considerably - 
especially when melting begins: The generation of heat becomes more localised
within a narrower band and transfer into the core becomes more difficult so 
that the billet becomes prone to uneven melting when it is reheated at high 
power densities.
This problem was exacerbated as the coil design was not optimised at that 
stage of the process development; the field was not uniform and it was found 
that the ends of the billet were particularly liable to excessive melting,
The temperature of material during reheating was followed using a thermocouple 
located in a hole drilled in the billet. Some indication of the thermal 
gradients generated may be deduced from the thermal overshoot observed when 
the field was switched off; this was typically 2-3 K for a thermocouple 
location approximately 2 cm from the end of the billet.
4.5 PROCESSING CONDITIONS
A compilation of the billet constitutions produced in this study is given in 
Table I and the corresponding thermal histories are given in Table II, These 
billets were used for subsequent experimentation.
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4.6 DISCUSSION: DEVELOPMENT OF MICROSTRUCTURE
A series of micrographs showing the development of a typical globular 
structure (corresponding to Billet H2 16) is shown in Figures 4.10 and 4.11, 
and the structure of the final die-casting is shown in Figure 6.6.
This discussion is broken down into sections concerned with melting behaviour 
and liquid formation, solute transport effects, and stabilty of microstructure. 
Solute transport effects are considered in greater depth in Chapter 5.
4.6.1 Melting Behaviour
The development of the globular microstructure requires the distribution of the 
liquid phase throughout the structure, followed by the processes of melting at 
the interface and back diffusion.
Figure 4.10(b) shows how voids are formed at the sites of the original matrix 
powder prior to hot pressing and these are generally closed during the 
pressing operation. However, it is probable that the gas pockets present do 
not escape so that porosity can be generated on reheating. This could explain 
the presence of the voids observed in the heat-treated structures. In some 
cases, the flow of the liquid through the structure is restricted so that 
pockets of solute rich liquid exist at the matrix powder sites, with relatively 
little transport through the powder. This has been observed in particular 
with the structures composed of fine primary and coarse matrix powders which 
have experienced heavy precompaction, so that the reduced flow of the solute 
rich liquid is probably related to the reduction in free volume in the 
structure. Regions of high solute content are shown in Figure 4.11(c).
The actual uptake of solute rich liquid is very rapid according to studies 
using a hot stage SEM; small fragments of cold-pressed material were observed 
as the temperature was increased so that the matrix powder melted. It was 
observed that matrix particles at the surface would shrink away over time
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scales of the order of one second - this suggests that the presence of oxides 
on the surface does not appear to interfere with the transport of the liquid.
4.6.2 Extent of Liquid Formation
The volume fraction of liquid formed is important since this can influence the 
densification behaviour. In particular, relatively high volume fractions 033%) 
of liquid promote rapid densification since this facilitates the mechanisms of 
densification by particle rearrangements. Similarly, the change in the volume 
fraction of the primary particles associated with the melting process must 
influence the size distribution of the solid particles (see Appendix III).
The extent Of the liquid formed must depend on the choice of powder 
compositions used in the preparation of the slurry. For example, a 
combination of A1 and Mg powders blended to give a mean composition of 
Al-10%Mg will cause the A1 powder to experience far more transient melting to 
produce a matrix liquid of the equilibrium composition Cl. than intermediate 
compositions. Vith reference to Figure 4.1, if the volume fraction changes due 
to back diffusion of the solute are neglected (see chapter 5) the volume 
fraction decreases from;
(Cm-C*)/(Cm-Cf-) to (Ci_-C*)/(Cl-Cf-) C4.23
This decrease may be expressed (see Appendix II) as;
Af/fp = ((Cm -Cl_).(C*-Cr )}/{(Cl.-Cf ).(Cm -C*)> C4.33
This demonstrates the dependence on the particular value of the matrix powder 
composition through the term (Cm -Ci_)/(Cm -C*) . As Ci_ > C* it follows that 
this term is largest, and the fraction of the primary particles decreases most 
when Cm is 1. (However, it may not be possible to specify Cm = 1 if the phase 
diagram predicts the formation of intermediate compounds which would interfere 
with the approach to equilibrium). Similarly, inspection of the terms 
including Cr indicates that AfR/fF- is largest when Cr approaches zero.
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This may be compared with the expression for the total fraction of liquid 
formed which is given in Appendix II as
fu = (C*-Cr )/(Ci_-Cr ) [4.43
It follows that the total transient liquid fraction is maximised when Cr 
approaches zero.
If the thermal and constitutional data in Tables I and II is inserted into 
[4.33, (Cm = 0.5, Cr = 0, Cl = 0.17, C* = 0.1) it may be seen that the nominal 
value of Af/fp can be large; a typical value is 0.48. Similarly, the value of 
fi!. is very high - equation [4.43 suggests a nominal value of 60%. In practice 
these values are reduced considerably by the effects of back-diffusion (see 
Chapter 5) - but coarse powders and short processing times promote the 
formation of higher liquid fraction. This may be deleterious since the liquid 
may separate from the globules during hot pressing and subsequently freeze to 
form dendritic material. Macrosegregation is a common feature in coarser 
structures since higher fractions of liquid are formed (relative to finer 
structures under equivalent process conditions) and there is less resistance to 
the flow of this liquid through the larger interstices in the structure.
The value of Af/fP might be expected to influence the particle size 
distribution of the slurry. The tendency for dissolution of the primary 
particles must affect the finer particles to a greater extent than the coarser 
components in the distribution since the melting is a surface phenomenon - 
fine particles are affected to a greater extent because of their higher surface 
to volume ratio, and large values of Afp/fp might be expected to promote the 
formation of a distribution of more rounded globules with a narrower overall 
size distribution.
4.6.3 Microstructural Stability and Coarsening
The extent to which the structure has evolved as a result of the processing 
depends on the size scale of the primary powder used as well as the
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processing conditions. The structures do not appear to have suffered 
excessive coarsening as a result of the processing, except for those produced 
from the very fine (10 pm) powder. These structures (taken from the die- 
casting) do appear to have coarsened considerably, as shown in Figure 4.12(a)
- the grain size is now approximately 20 pm. It is not clear whether the 
coarsening mechanism is Ostwald Ripening or coalescence. Calculation of the 
coarsening rate assuming a mechanism of Ostwald Ripening (see Appendix III) 
could account for this, but the structures from the hot-pressed billets exhibit 
formations which could indicate coalescence. This is particularly clear in 
structures which have been reheated; this is shown in Figure 4.12(b). 
(Die-castings show less evidence of this coalescence, presumably because 
coalescing grains may be torn apart as a result of the shear forces, and also 
because injection temperatures are higher than the pressing temperatures so 
that the solute-enriched boundaries probably melt).
According to the predictions of structural evolution by Courtney (sections 
2.5.1, 2.5.2), the dominant coarsening mechanism depends on the ratio of the 
rate constants in the coarsening equations for Ostwald and coalescence 
coarsening respectively - ko : kc. However, determination of the coarsening 
mechanisms is not easy since the coalescence rate depends on a kinetic term 
describing the rate of particle collisions and the probability pc that a 
collision will result in the formation of a neck. Both of these terms are not 
well known although estimates have been made based on Brownian transport for 
fine particles or density driven settling for larger particles. An estimate of 
the coalescence probability based on geometrical and statistical considerations 
leads to the following expression for pc (Courtney and Lee, 1980);
pc = 0.1 0(l-cos0) [4.53
0 is the maximum grain misorientation possible for which the boundary is 
stable^ i.e. for which 2¥si_ = Yq b. Grain boundary misorientations in stir-cast 
aluminium microstructures have been measured by Lee et al (1980) and it was 
found that most of the boundaries surviving in the microstructure had a 
misorientation of less than 10* so that a value of 0 = 10* is appropriate.
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Accordingly, pc is estimated as approximately 3 10-A. This is probably an 
underestimate since it neglects the possibility that rolling contact of the 
particles increases the probabilty that a low energy boundary is formed.
4.7 PRODUCTION OF SLURRY VITH PREALLOYED POWDER
Globular microstructures may also be developed by processing pre-alloyed metal 
powders (Billet B2 39) instead of blended compositions. Gas atomised LM10 
powder from the University of Surrey Gas Atomiser was processed to form a
billet for die-injection using the methods already described.
The development of the globular structure is more complex than the 
corresponding process with the blended powder. Vith prealloyed powders, 
particles are prone to internal melting so that the effective fraction of 
liquid at a particular temperature may be reduced - this must be regarded as 
deleterious ( in the context of die-injection) since the objective with the 
semi-solid processing is to maximise the fluidity with the maximum fraction
solid for die-injection at the lowest possible temperature.
Prealloyed powders experience supersolidus sintering as part of the 
consolidation process. Structural changes associated with the partial melting 
of prealloyed powders were investigated by performing some rapid heat 
treatments on the powder. Samples of powder packed around a thermocouple 
were wrapped in a foil capsule and induction heated to the appropriate 
temperature by controlling the power setting (this procedure facilitates rapid 
and precise heating to temperature). Samples were quenched after holding at 
the appropriate temperature for approximately 30 s. The structures of the 
prealloyed powder and the corresponding structure after this sintering 
treatment at 800 K are shown in Figures 4.13 (a) and (b). This shows that 
the rate of particle contact growth and densification is rapid, which is 
consistent with the observations of Bala and Lund (1979). In particular, it 
should be emphasised that although the phenomenon of internal melting means
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that the overall fraction of liquid rapidly approaches that predicted by the 
equilibrium lever rule (because the diffusion distances between liquid pockets 
are short) the effective fraction of liquid (i.e. available for assisting flow 
of the slurry) is not well known because the distribution between 
free and entrapped liquid is not well known.
Although the extent of internal melting may be significant, especially in the 
larger particles, the final casting does have a well defined globular 
microstructure (Figures 6.6 (e) and (f)). The phenomenon of internal liquation 
is further considered in Chapter 5.
4.8 SOLIDIFICATION BEHAVIOUR
The estimate of the local solidification time from the heat flow model leads to 
a prediction of the order of the back-diffusion number relating to the 
soldification of the liquid present at the pressing temperature.
The back-diffusion number is a dimensionless parameter describing the degree 
of back-diffusion during solidification defined as;
a = Dstf/L- ' [4.6]
Ds: diffusion coefficient for solid tf: local solidification time 
L : Dimension of diffusion field
If oc is known then the particular form of the fraction solid - temperature 
curve is defined as it varies between the Scheil and Equilibrium Lever Rule 
limits (Kurz and Fisher, 1985); if a approaches zero then the Scheil limit is a 
reasonable approximation whereas the lever rule is a good approximation if 
cc>50.
L is usually defined as one half of the characteristic secondary dendrite 
spacing which may be related to the local solidification time according to 
some scaling law, for which the spacing varies with the cube root of the local
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solidification time. The back-diffusion number might therefore be expected to 
be proportional to the cube root of the local solidification time, so that 
shorter local solidification times lead to stronger segregation over a finer 
scale.
However, the structures of the hot pressed billets indicate that the formation
of dendrites from the liquid present at pressing appears to be suppressed. If
*
the local solidification time is of the order of one or two seconds as 
predicted by the numerical model, then the normal dendrite spacing would be 
approximately 10 pm which is probably larger than the spacing between the 
solid globules. If a is evaluated for this case, (i.e.tf * 1, D« - 10-12, and 
L = 5 pm -* a = 0.04) it is clear that the Scheil approximation is valid and 
that the formation of some eutectic is expected. Following the Scheil 
equation;
Ct_/Co = fL^-1 3 [4.73
and substituting k*0.5, Co= 22 at% (at pressing temperature) and CL=Ce=38 at% 
at the eutectic temperature gives fe - 0.3. However, the amount of liquid 
present at the pressing temperature is only approximately 0.3 so that the 
overall fraction of the eutectic is only of the order of 0.1. This eutectic is 
very close to the £ composition, 38.5 at% (Murray, 1982), so that the amount of 
second phase expected is of the order of 10%. This is reasonably consistent 
with the observed structures. Slower cooling rates can easily lead to much 
higher values of the back-diffusion number, because the scaling law bewteen tf 
and L is broken; tf may increase but L is constrained to a maximum value 
corresponding to one half of the spacing between the globules, which 
corresponds to L- 5pm as above. An interesting case is the effect of cooling 
the billet in the crucible so that the solidification time is increased to 
approximately two minutes. This then leads to a value of a - 50 which brings 
the fraction-solid temperature characteristic close to the Lever Rule limit so 
that eutectic formation is no longer expected. This is consistent with the 
cooling curves produced under these conditions which show no indication of any 
arrest at the eutectic temperature.
* during hot pressing I
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Chapter 5 
TRANSPORT EFFECTS DURING PROCESSING
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5.1 THE SOLUTE PARTITION STATE
5.1.1 Interface Processes
The rapid response of a solid-liquid interface to any disturbances and the 
restoration of a condition of local equilibrium is of fundamental importance. 
This response allows many solidification (or melting) problems to be 
considered on the assumption that the interface is in a condition of local 
equilibrium. Transport effects are governed by solute partitioning between the 
solid and the liquid so that the role of the interface in developing a local 
equilibrium must be clearly understood.
The equilibrium at the interface is dynamic with a rapid exchange of atoms 
between the phases. According to simple theories of the interface, the 
frequency of the exchange of atoms at the interface is estimated to be 
approximately
fo.exp(-AGo/RT) - (D/X2) ~ 1012/s C5.1I
fo ; Debye frequency in liquid 
D ; self-diffusion coefficient 0* 10~e m2/s)
X ; mean [ jump distance j in the liquid (- 5 10~lom)
AGo; activation energy for diffusion (= 25 kJ/mol)
This means that the relaxation time for the response of the interface to any 
disturbance is extremely short. In addition, the theory predicts that the net 
growth of a (diffuse) interface in response to an undercooling AT is given by 
\ V = QfoCl - (exp(-AGo/RT)a (AT/T)fc> 3 ~ 0.05 AT ' C5.23
Q ; monolayer width (= 3 10_,om) AT; kinetic undercooling
a ; dimensionless entropy (*1.4) fc; crystallographic factor (* 0.5)
The existence of short relaxation times and low kinetic undercoolings justifies 
the assumption that a condition of local equilibrium exists even when the 
equilibrium is changing. This only begins to break down in the limit of very 
rapid growth when the kinetic undercooling begins to be appreciable.
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Solute partitioning across the interface arises because of the shape of the 
free energy-composition curves. When the interface is in a condition of local 
equilibrium, the chemical potential of each alloy element is the same in both 
the solid and liquid phases - this is equivalent to the statement that the 
compositions of the solid and the liquid are such that the free energy of the 
interface is minimised at the particular temperature; the system is in a state 
of full equilibrium when these interfacial compositions are uniform across the 
solid and liquid respectively.
If this equilibrium is disturbed, as for example by an increase in temperature, 
so that the interface experiences melting conditions, there is a displacement 
of the free energy curves so that the free energy of the liquid is reduced 
relative to that of the solid. The chemical potentials of both species are now 
lower in the liquid and the compositions on either side of the interface adjust 
until the chemical potentials balance again; the change in interface 
composition sets up concentration gradients in both solid and liquid which 
generate a diffusion flux. Because transport in the liquid is rapid, the 
composition can rapidly adjust to the interfacial composition whereas in the 
solid, the process takes much longer because of the lower diffusivity.
However, the diffusion fluxes resulting from the change in the interface 
condition force the interface to move towards the solid so that melting takes 
place; heat is absorbed and the condition of local equilibrium is restored 
unless the thermal perturbation continues.
This description of the melting process shows that there is no formal 
distinction between melting and the dissolution of material in the unsaturated 
melt, except that in one case the origin of the perturbation to the interface 
has a thermal origin and in the other case it is caused by a constitutional 
disturbance.
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5.1.2 The Solute Partition State and the Phase Distribution
The mobility of the interface and the condition of local equilibrium lead to 
the control of the fraction solid by selection of the processing temperature. 
This is implicitly expressed through the equilibrium phase diagram which 
indicates the equilibrium interfacial compositions as a function of 
temperature. For a given temperature and composition, the fraction of the 
solid at equilibrium is determined since the sum of the products of the phase 
compositions and their mass fractions must be the mean composition. This is 
formally expressed as the equilibrium Lever Rule.
However, the state of full equilibrium is a special case in which both solid 
and liquid are at the appropriate equilibrium composition throughout. 
Concentration gradients frequently exist in the solid and the liquid although 
the interface itself is in a condition of local equilibrium; moreover, the 
actual solute partition state may be effectively defined solely by the 
concentration profile in the solid because convective and diffusion transport 
mixing mechanisms in the liquid allow the rapid relaxation of the composition 
to its equilibrium value. Under these non-equilibrium conditions, the fraction 
solid is still determined by a lever rule construction although the composition 
of the solid phase now refers to the mean value and not the equilibrium or 
interfacial value.
5.1.3 Approximations to the Partition State
In solidification processes, the partition state usually lies between the limits 
corresponding to zero back-diffusion or full back-diffusion depending on the 
processing conditions. These limits define the mean composition of the solid 
and hence the fraction solid. Derivations are given in Appendix I for the 
fraction solid vs temperature curves correseponding to the limit of zero back 
diffusion, described by the Scheil equation (Scheil, 1931), and full
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equilibrium. These are plotted out in Figure 4.2 for the alloy composition 
Al-10%Kg used in this study.
Solidification models frequently assume that the solute partition state is 
described to a good approximation by the Scheil equation; the physical 
assumption underlying this is that no back-diffusion takes place in the solid, 
and the mean solid composition becomes progressively lower than the ambient 
solidus composition. The locus of the solidus corresponding to Scheil type 
behaviour is plotted in Figure 5.1. This is often reasonable in continuous 
solidification since the diffusion distances, related to the dendrite arm 
spacings, are coupled to the time available for diffusion through the 
dependance of dendrite arm spacing on the local solidification time; increasing 
the time available for diffusion results in an increase in the necessary 
diffusion distance. Vhile the degree of solute segregation is decreased by the 
effect of back-diffusion, the characteristic distance increases as a result of 
dendrite arm coarsening. The effect of back-diffusion on the segregation 
pattern in dendritic structures has been considered by Brody and Flemings 
(1966) in a model which uses a simple diffusion parameter to characterise the 
behaviour. However, this analysis has been criticized on account of the 
inherent geometrical simplifications, and because solute is not fully conserved 
when the segregation pattern deviates significantly from the Scheil pattern.
A more complete analytical treatment has been offered by Clyne and Kurz 
(1981), in which a correction is applied to the Brody and Flemings 
back-diffusion parameter to allow accurate modelling of the mushy zone during 
solidification. This demonstrates that under certain conditions, (for example, 
redistribution of carbon in the solidification of steels), the system may 
actually be close to the lever rule condition.
In stir casting processes, the system may be exposed to prolonged agitation in 
the semi-solid field to develop the appropriate microstructure and considerable 
back-diffusion can take place, especially in the case of finer structures. If 
this is the case, the fraction solid in stir-cast structures is therefore not
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necessarily adequately described by the Scheil equation. Figure 5,1 shows that 
the difference between the fractions solid described by the equilibrium and 
Scheil conditions is of the order of 10% for a nominal fraction solid of 0.5 
(partition coefficient = 0.5).
5.2 SOLUTE TRANSPORT DURING PREHEATING
In the powder processing route described, the fraction solid vs temperature 
curve is similarly determined by the state of solute partition but in this case 
different limits apply. The limit of full back diffusion (i.e. equilibrated 
structures) is still the same but the opposite limit permits a more extreme 
state of solute segregation than the limit applicable to solidifying structures. 
This is because the powder processing route may start with the admixture of 
powders with compositions removed far from the final equilibrium compositions; 
this is in contrast to the process of solidification in which the solid 
forming is of a composition which is in local equilibrium with the liquid.
The limits for the powder processing route are now defined;
1) Zero back-diffusion; the fraction solid as a function of temperature may 
be simply related to the principal features of the phase diagram as follows;
f, = (Ti_-T)/(Tf-T) [5.33
Ti_: liquidus temperature T*: fusion temperature of pure solvent
This description is a reasonable approximation where back-diffusion is 
insignificant, for example, where powder particles are large and the duration 
of the exposure to the liquid phase is short.
2) Full back-diffusion: in this case, the fraction solid is related to the
processing temperature by the Lever Rule which may be expressed in terms of
the phase diagram properties as;
f* = 1 (Ti_~T) C5.43
(1-k) (Tf-T)
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These conditions might be expected to apply for finer structures exposed to 
higher temperatures for long periods.
As the quality of the die casting depends strongly on the fraction solid at 
the time of die injection, it is important to be able to estimate the true 
fraction solid; this requires a calculation of the effective state of solute 
part ion between these limits. Although analytical expressions are available to 
describe diffusion down a concentration gradient in a spherical geometry, the 
radius of the particles may change appreciably as a result of melting or 
solute flow so that direct application of these equations is not simple. 
Accordingly, a numerical model was set up to describe the effect of solute 
diffusion under isothermal conditions.
5.2.1 Isothermal Model
The isothermal numerical model predicts the evolution of the diffusion profile 
as the system is held at a particular temperature. This was written as a 
program for implementation on a BBC microcomputer (see appendix VIII). This 
model was based on the following physical assumptions or simplifications;
1) Solid particles are assumed to be of uniform size and the effect of the 
particle size distribution ignored.
2) The diffusion geometry is based on a spherical symmetry; this is 
reasonable in view of the low aspect ratio of the particles.
3) The system is brought instantly to the holding temperature, i.e. 
relaxation processes occurring as the system is brought up to temperature 
are ignored.
4) Liquid of the liquidus composition is formed by melting of both the 
solute rich phase and the primary phase, and no concentration gradients 
exist in the liquid.
5) The interface is at local equilibrium so that the solid at the interface 
is maintained at the solidus composition.
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6) Isothermal solute diffusion into the particles must be coupled with an 
increase in the fraction of solid because solute is conserved and the liquid 
is maintained at the liquidus composition.
7) Volume changes associated with the melting or freezing are neglected.
8) The diffusion coefficient is assumed to be independent of the composition.
The diffusion behaviour is modelled on the isothermal back-diffusion of solute 
into a sphere of initially zero composition surrounded by a shell of matrix 
liquid with composition corresponding to the equilibrium liquidus composition 
at the particular temperature. This is reasonable since diffusion rates in the 
liquid are rapid and there is little evidence for any significant kinetic 
barrier to dissolution (Lommel and Chalmers, 1959), Interfacial equilibrium is 
established so that the surface of the sphere is held at Cs while 
back-diffusion takes place. The assumption of isothermal relaxation is clearly 
inadequate if structures are very fine or heating rates low so that relaxation 
could be taking place during the heating stage. In spite of this, the 
isothermal model gives useful predictive information in many cases.
One of the most important simplifications concerns the effect of the particle 
size distribution; even if an appropriate mean value for the size distribution 
is known, the behaviour is more complex because the fine particles probably 
experience a greater degree of melting as the temperature is increased (because 
of their greater surface to volume ratio) and they absorb solute more rapidly 
and at lower temperatures than the coarser grades. It should also be 
recognised that there is a geometric simplification associated with the 
description of a solid sphere surrounded by a spherical shell of liquid, since 
this does not tessellate. This means that instantaneous values of solid 
particle radius and fraction solid are not strictly compatible.
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5.2.2 Formulation of Numerical Model
The equation describing diffusion in a spherically symmetrical configuration 
is;
dC/dt = D.((d2C/dR2> + (2/R). (dC/dR)> [5.53
C: composition r: radius D : solute diffusivity t: time 
The solute diffusivity (assumed to be composition independant) is given by;
D = Doexp (-Q/RT) [5.63
The diffusion of magnesium in aluminium is well documented and collected data 
for this system is presented over the range 320-875 K (Lea and 
Molinari, 1984). This allows the following values of Do and Q to be extracted;
Do = 6.11E-5(m^sec) (Q/k)=15186 (K) [5.73
This is consistent with other reported data (Bishop and Fletcher, 1972).
The boundary conditions for the model are;
dr*7dt = (D/(Cl. - C.)). dC/drlr* [5.83
C = Cp for r < r* ; t = 0
C = Cu for r > r* ; t ) 0 [5.93
C = Co for r = r* ; t > 0 
r* = rpUCL-Cofp-CMd-fp)]/^^-^)])1^  at t =0 [5.103
r* ; globule radius rP; initial primary globule radius
CP ; initial primary globule composition
fp ; initial volume fraction of globule material
Cm ; composition of matrix powder
Cl.,« liquidus, solidus compositions at T
The expression for r* [5.103 follows by considering the change in radius when 
the solid partially dissolves in the liquid so that the liquid is saturated at 
the temperature chosen. This is obtained by simple manipulation of [A2.33 to 
give fp'/fp which is the fractional change in volume of the primary phase on 
bringing the liquid to its equilibrium concentration; the new globule radius is 
then simply rp. (fp'/fp)1/3.
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The solution was generated by setting up a finite difference model to describe 
the diffusion behaviour once interfacial equilibrium is set up at t = 0. The 
diffusion equation is discretised using a truncated Taylor series expansion so 
that the terms dC/dR and d2C/dR2 are expressed in terms of the element 
compositions C(F) giving;
dC/dR = (C(lf+1)-C(N-1))/AR C5.ll]
d2C/dR2 = (C(N+1)+C(N-1)-2.C(N))/AR2 C5.123
Small values of the increment AR are required to minimise the discretisation 
errors inherent in such an analysis. In practice, the choice of aR followed 
from the maximum size of the array which could be accommodated in the memory 
of the microcomputer. Depending on the composition variables, the final volume 
fraction of solid (and hence the particle radius) may be greater than the 
initial fraction (radius) so that this has to be determined before AR is 
evaluated. The final volume fraction follows from the mean composition and 
equilibrium compositions of solid and liquid phases respectively, according to 
the equilibrium lever rule construction. The minimum value of AR is then 
r*max/if where N is the maximum size of the array and this leads to the value 
of the time increment At, calculated as At = AR2/2.D, which is the maximum 
possible value subject to the numerical stability of the iteration.
This model was run with the input data chosen to represent the behaviour of
the system with mean composition Al-10%Mg formed from a blend of A1 and
Al-50%Jfg powders. This gives radial concentration profiles as solute 
penetrates into the globules and so permits a prediction of the change in 
fraction solid with time. Results for three different initial globule sizes 
held at 823 K are presented in Figure 5,2.
A convenient way of representing the effect of particle size and temperature 
on the fraction solid relaxation is to define an effective relaxation time, tr, 
in terms of an (arbitrary) 90% approach to the lever rule condition; to is 
plotted as a function of globule diameter d for two different temperatures in 
Figure 5.3.
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5.2.3 Globule Composition Measurements
Experimental monitoring of the relaxation process is possible using electron 
probe microanalysis to follow the diffusion process. There are difficulties 
associated with this since the particles observed do not necessarily have 
their centres on the plane of the polished surface and the concentration 
profile measured is not then the true radial concentration. Another 
complication is the relatively wide distribution of particle sizes present.
The approach adopted was to search for the minimum composition near the 
centres of globules of apparent diameter close to the median; this was 
repeated several times for different globules to minimise errors. These values 
can be compared with the predicted minima in the globule compositions 
extracted from the model for various globule sizes and thermal treatments.
This data is presented graphically in Figure 5.4.
Vhile the predictions of the model are in broad agreement with the measured 
composition minima, there is considerable scatter of specific points relative 
to the predicted curve. These errors arise from the following sources;
1) Uncertainty in the section geometry.
2) Errors in measurement using microprobe analyser
3) Uncertainty in the effective time at temperature.
The assumption of isothermal conditions is reasonable for large globules 
experiencing long heat treatments but not for finer particles where relaxation 
may take place within the time scale of the preheating/hot-pressing stage. 
However, it should be recognised that these measurements are not intended to 
provide a value of the diffusivity of magnesium in aluminium; they merely 
demonstrate that the solute diffusion behaviour is broadly in agreement with 
the simple model proposed. For example, it seems clear that the behaviour is 
consistent with the absence of any interfacial barrier to diffusion.
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5.2.4 Investigation of Solute Partition State by Thermal Measurements
Thermal analysis provides a useful method for investigating the variation of 
the solute partition state, because this integrates the response over the 
entire system rather than focussing on the behaviour of single particles.
Vhile some information may be deduced from the thermal profiles generated on 
heating the cold-pressed billets into the semi-solid range, measurements based 
on differential scanning calorimetry (DSC) provide more precise data.
The heating curves produced in the processing have well defined plateaux at 
the eutectic temperature; a typical heating curve is shown in Figure 4.8.
A crude calculation which gives some indication of the extent of the back- 
diffusion is possible since the heating rate just below the eutectic 
temperature gives the heating power density which may be used to predict the 
time required for complete melting of the Al-Mg in the absence of any 
back-diffusion. If the heating rate just below the eutectic temperature is 
dT/dt, the molar heat capacity C and the effective molar latent heat of fusion 
L\ the time taken for complete melting (at the eutectic temperature) is 
LV(dTdt.C), provided that the heating power density does not change 
significantly on the formation of liquid. (C is not known precisely for the 
Al-Mg compositions). The values used here are;
Aluminium; L 10.47kJ/mol Al-Mg L 8.8 kJ/mol
C 27 J/mol K (Smithells, vol.3, 1967)
A typical heating curve for a powder compact with composition and structure 
corresponding to billet number 16 indicates that the heating rate is 
approximately 1 K s-1 and as the volume fraction of the eutectic liquid 
initially formed in the absence of any back-diffusion is given by the
('pure solid') !/ lever rule as 27%, the time taken for the formation of this 
liquid would be 0.27 L'/(dTdt.C), where L' is the weighted enthalpy of fusion. 
This is 88 s whereas the measured eutectic plateau itself is only 
approximately 60 s. The fraction of liquid formed in this time must therefore 
be reduced to approximately 0.18. If the lever rule is applied to this, it may
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be seen that the mean composition of the solid must have increased to 
approximately 4 wt% (although it must be borne in mind that this increase is 
due to the deposition of magnesium rich solute material on the aluminium 
globules as well as diffusion into the globule interior).
This is reasonable since the extent of the back-diffusion may be estimated 
using the results of the numerical model; in this instance the system is 
isothermal so that the results from the model should be directly applicable.
If the model is run with the appropriate data for a 40 pm diameter particles 
(which is the modal size according to Malvern Laser size analysis), the 
back-diffusion after 60 seconds at 723 K increases the mean solid composition 
to 5.8%. The difference between the measured and predicted values could be due 
to:-
1) Uncertainty in the size distribution (most probable).
2) Uneven distribution of the matrix powder (magnesium rich) in the billet.
3) Interference to diffusion caused by the oxide film.
Further information may be deduced from the results of the differential 
scanning calorimetry (DSC) obtained using a DuPont 990 Thermal Analyser; 
typical traces are shown in Figure 5.5. These are characterised by an 
endotherm at approximately 723 K corresponding to the melting of the 
magnesium-rich phase, followed by an endotherm which increases as the 
temperature rises towards the the liquidus temperature for the Al-10%Xg 
composition (i.e. ^880 K). In principle, the effective fraction solid vs 
temperature curve may be determined from these traces, since the strength of 
the endotherm (dq/dT) may be related to (df«/dT) through the relation;
(dq/dT) = (L.(df„/dT) + C) E5.133
C varies slightly over the freezing range but the most significant term is 
(df»/dT) which may be deduced from the curve. Once the f» - T characteristic 
has been deduced, the locus of the mean composition C.' on the phase diagram 
is defined by a lever rule mass balance, since the liquid is (assumed to be) at 
the ambient equilibrium concentration:-
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f« = <(Cl- - C*)/(Cu - C„')
C®' may be extracted since this is the only unknown quantity.
[5.14]
However, the exact nature of the f® vs T curve is prone to considerable 
uncertainty because the position of the base line on the curve is not well 
known, particularly in the region of the liquidus temperature.
The DSC traces show that the melting behaviour of the system is characterised 
by two endotherms, one corresponding to the initial melting of the powders and 
the other corresponding to melting at a higher temperature. At the slowest 
heating rate, the first endotherm is resolved into two peaks; this may be 
related to separate stages of melting of the solute rich phase and its 
subsequent capillary transport through the primary matrix before this phase 
begins to dissolve. These specimens which are heated slowly indicate an 
endotherm at intermediate temperatures. The extremum between the two 
endotherms must correspond to a minimum in the value of (df®/dT) ie. rate of 
melting. Consideration of C5.14] indicates that this point (for which 
(d2f«/dT2) = 0) must be close to, but not identical with a maximum in the 
locus of the solid composition - the point for which (d2f«/dT2) = 0 is 
displaced to slightly higher temperatures than the temperature for the maximum 
in the solid composition locus.
The behaviour of the locus of the mean solid composition near the point of 
intersection must depend on the heating rate and the particle size distribution 
since this must determine the overall distribution of solute in the system.
The locus of the solid composition must curve round to join the solidus 
tangentially because of the uneven salute distribution; the fine particles must 
be supersaturated, and therefore melting, whereas the coarser particles are not 
yet saturated. The imbalance in the rate of melting allows the mean solid 
composition to decrease although this mean composition is less than the
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solidus composition. The tangential approach of the solid composition means 
that T* is not clearly defined - this is certainly consistent with the results 
of the DSC measurements.
The point at which the solid composition locus joins the solidus (T*, C*) is of 
importance for two reasons;
1) This point marks the onset of a mean solute supersaturation as the 
temperature continues to increase.
2) The fraction of liquid at this point of intersection must be described 
by the equilibrium lever rule.
The DSC curves have been used to estimate the loci of the solid composition- 
temperature curves shown in Figure 5.6 and also the fraction solid vs- 
temperature curves which are plotted out in Figure 5,7. The important feature 
of these curves is that the back-diffusion does increase the fraction of solid 
at temperatures close to T® although the temperature is increasing. The 
behaviour of the system as the temperature is increased beyond T* is discussed 
in section 5.4.
5.3 DISCUSSION
The problem addressed in this chapter is the determination of the extent of 
relaxation during processing. This is important since the state of the solute 
segregation determines the fs-T characteristics which must be well known in 
order to control the fraction of solid prior to die-casting. This is 
especially important for processing at relatively high fractions of solid (this 
is likely to be the preferred regime for optimised die-injection) where the 
fraction solid varies strongly with the state of solute segregation as shown 
in Figure 4.2.
The model predicts the relaxation times for the particular particle size and 
and processing temperature. In general, the assumption of the model that the 
stages of melting and dissolution are separate is not valid, since
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back-diffusion is taking place as the system is heated up (Figure 5.6). In 
particular, the effective relaxation times must be considerably less than the 
times predicted by the isothermal model if the temperature is approaching T*. 
This is because the mean solid composition may be at the equilibrium 
composition although individual particles in the distribution are not 
necessarily fully at equilibrium.
In fact, the behaviour of the real system during the processing must depend on 
the dimensionless back-diffusion parameter;
a = (Dst/L2) [5.14]
in which t is the effective time at temperature and D« is the corresponding 
diffusion coefficient. This parameter must increase as the temperature 
increases since D® increases and L decreases as melting progresses. In 
solidification processes, t is the local solidification time and L is one half 
of the secondary dendrite arm spacing which scales with the solidification 
time. This means that in a particular system, the behaviour is defined 
completely by the initial composition of the liquid and the subsequent cooling 
rate so that the solute partition state may be described by analytical 
expressions. This contrasts with the situation with the semi-solid processing 
route described, where expressions for the solute partition state at 
temperatures below T* must include Cp, and Cm as well as an effective value of 
a (which must depend on the particle size distribution and the heating rate).
It follows that the solute partition state in systems with wide particle size 
distributions can only be modelled by numerical techniques.
However, the general conclusion is that relaxation times with very fine 
particles are very short compared with typical processing times so that a is 
large and T* is low. This leads to the following conclusions;
1) Volume fractions may be accurately described by the equilibrium lever 
rule, so that the degree of process control is increased.
2) Volume fractions of solid do not fall as low as the minimum value 
predicted by [A2.3L
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This is not true for the coarser powders for which a is lower and T* is )
much higher; this may mean that the processing of billets composed of coarser 
powders is more prone to solid-liquid segregation as the fraction liquid 
formed is larger, and remains for longer, than with finer powders under 
equivalent processing conditions.
5.4 SOLUTE TRANSPORT EFFECTS DURING REHEATING
5.4.1 Introduction
Optical microscopy of the structures formed in the die-casting frequently 
revealed many surface features on the globules. These features were most 
clearly observed in anodised castings, as for example in Figure 6.2(a).
Although it was assumed at first that these features were an artefact of the 
specimen preparation (since the features were not always present), closer 
examination led to the conclusion that they were actually a structural feature. 
The presence of the features was clearly dependent on the processing in some 
way since they were never present in the billets which had not been reheated.
5.4.2 Observations Relating to Globule Features
These features were most clearly revealed in the anodised die-casting sections 
observed using optical microscopy with polarised light. Under these
conditions, the globule surface is marked by pinholes or dimples as shown in
Figure 6.6(b). The information from the anodised section may be summarised as 
follows;
1) Features do not occur in the billets which have not been reheated 
(Figure 5,8).
2) Features tend not to form in structures with very fine globules 
(Figure 6.6(c))
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3) Dendrites sometimes form in the regions of separated liquid in the 
castings; these dendrites are not marked by any features although they do 
occur in the adjacent globules, Figure 5.9.
4) The colour contrast indicated by the anodised sections shows that most of 
the globules are single grains; the pin-holes or dimples in the surface 
therefore occur at intragranular sites.
5) The dimensions of the features are typically of the order of 0.5 pm in 
diameter and they occur with a mean planar spacing of 3 pm or less.
In addition, the following observations are also relevant;
6) Optical metallography of the constituent aluminium powder particles 
revealed no precipitates or substructure of any kind at the magnifications 
used. However, precipitates were found when the surface was etched (dilute 
Keller's Etch) and examined using SEX (Figure 5.10). An attempt at analysis 
of the features using the microprobe suggested that the features were iron 
rich although the levels detected were very low - this is expected since the 
precipitates are small compared with the volume activated by the electron 
beam.
7) The structures which develop these features have all experienced a 
thermal history in which the reheat temperature for die-injection is greater 
than the preheat temperature, as indicated in Table II.
These observations suggest that the mechanism for the formation of the 
features is related to the effect of the solute which has diffused into the 
particles during the reheating stage of the process.
This can be explained in terms of the following model which postulates that 
the features correpond to regions of the globule which have formed liquid 
pockets as a result of the solute supersaturations generated by the processing 
conditions. It is assumed that a local equilibrium is maintained at the 
melting interface so that the composition of the solid at the interface 
depends directly on the temperature according to the phase diagram.
Increasing the temperature results in a reduction in this local equilibrium
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concentration; material in the globule interior, which has absorbed solute at 
the chosen preheat temperature, may then be brought into a condition of solute 
supersaturation if the reheat temperature exceeds the preheat temperature.
The development of this solute supersaturation is indicated schematically in 
Figure 5.11 - this shows the expected solute concentration profile calculated 
using the numerical model for a 40 pm diameter particle in a structure heated 
at approximately 1 K s_1 up to a pressing temperature of 830 K prior to hot 
pressing. This profile is effectively frozen into the structure after the hot 
pressing and if then the material is reheated rapidly to 848 K, for example, 
the existing concentration profile has no time to change appeciably except in 
the region very close to the solid-liqiud interface, because this heating time 
is very short compared to the relaxation time for this particle size. As the 
temperature continues to rise above the original preheat temperature, the 
equilibrium solidus decreases to a level lower than the interior globule 
composition. Under these conditions, the globule interior can become unstable 
with respect to the formation of liquid.
5.4.3 Experimental Verification of Model
This explanation may be tested by performing some controlled reheating 
experiments. Sections of a billet processed according to the treatment listed 
for billet number 16 were reheated rapidly to the selected temperatures using 
induction heating - details are set out in Table II (series HT). The features 
on the globules were only formed when the reheating temperature exceeded the 
original preheat temperature; this is predicted by the model for the onset of 
supersaturation. Structures are shown in Figure 5.12.
However, this was only indirect supportive evidence - further investigation 
was required to prove that the features examined had in fact melted before the 
structure was quenched. This evidence could only be provided by an 
examination of the composition profiles in the region around the features, 
since the re-freezing of a liquid pocket might be expected to lead to a solute
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concentration in the core due to partitioning as predicted by the Scheil 
equation. Accordingly, a composition analysis across the globule feature was 
required.
In the first instance, this was attempted on polished sections using an SEK 
microprobe as previously described. This returned a positive result in so far 
as a local solute enrichment was identified; the measured solute concentration 
on a feature was found to be approximately 20 wt% dropping to 8% at a 
distance approximately 1 pm from the feature and approximately 5% in the 
matrix remote from it.
The spatial resolution of the microprobe is poor due to beam spreading so that 
the characteristic X-rays are generated from an activated volume which is 
typically 1 pm in diameter. This is large compared to the estimated 
dimensions of the features as observed on a polished section - increased 
resolution was required to provide the necessary precision. In view of this, 
it was decided to produce TEK foils from a structure which showed the features 
on the globules (in this case, from the specimen HT3).
Foils were prepared using standard techniques: 0.5 mm discs were cut from a 
3 mm diameter rod using a diamond wafer blade. These were then ground down to 
a thickness of approximately 100 pm using abrasive papers, finishing with a 
6 pm diamond polish. After cleaning, these were thinned using a Struers 
Tenupol electropolishing unit using a 5% solution of perchloric acid in 
methanol. Good foils were obtained using polishing conditions with 30 V and 
intermediate flow rate setting with the polishing solution at 240 K. These 
foils were examined using the Phillips 400T transmission electron microscope 
interfaced to a Link analysis unit. In the analysis mode, the spot size was 
approximately 0.1 pm. Although this resolution was good, the spatial location 
of the beam relative to the specimen was not well known so that there was 
some difficulty in determining the concentration distance profiles. However,
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distances were estimated on the image and these were used to construct the
profiles indicated in Table IV.
5.4.4 Results from TEM and Analysis
Structures observed in the foils are shown in Figures 5.13(a) and (b).
The globule features were characterised as follows;
1) Features always appeared to be centred on a precipitate cluster.
2) The precipitates were surrounded by a region of the foil which is very 
thin; in many cases, the precipitates had fallen out.
3) Thickness variations in the foil section were not uniform but indicated 
a stepped profile.
4) The matrix surrounding the thinned region has an extremely high 
dislocation density. The diameter of the heavily dislocated region is 
approximately 2 pm.
5) The results of the electron probe microanalysis for the matrix 
composition are set out in Table IV. This demonstrates that in all cases, 
the solute concentration in the matrix increases rapidly in approaching the 
precipitate to a maximum value of 17 wt%. A typical profile is plotted in 
FigureT.13 (c).
6) Microanalysis of the precipitate cluster itself indicated that the 
precipitate formed was an Al-Fe intermetallic, with a mean Al:Fe ratio of 
approximately 4.5. Analyses are listed in Table V.
The Al-Fe intermetallics which have been identified at the centre of the 
globule features are of considerable interest since they must be acting as 
heterogeneous nuclei for the formation of the liquid. They probably arise from 
impurities in the aluminium used to produce the powder used in the fabrication; 
iron is a commom impurity in aluminium since it is difficult to remove during 
refining. Commercial purity aluminium usually contains at least 0.2% iron so 
that it has to be considered as a hypo-eutectic alloy. The equilibrium solid 
solubility of Fe in A1 is very low - approximately 0.05 wt% at 928 K, so that
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second phase precipitation usually takes place; the equilibrium phase which 
forms at low solidification rates is monoclinic AlsFe forming at approximately
40.8 wt%. However, various metastable phases can form according to the growth 
conditions (Young and Clyne, 1981). For example, at intermediate 
solidification rates, orthorhombic AlsFe and monoclinic AlsFe^ are formed; 
other structures and stoichiometries have also been reported.
Cooling rates experienced during atomisation are high so that the precipitates 
actually formed are not the equilibrium phase; the composition analysis for the 
precipitates indicated an atomic ratio of aluminium to iron of approximately
4.5 so that they might correspond to the stoichiometry of Al9Fe2 which has 
been reported in this system. Unfortunately it was not possible to generate 
satisfactory diffraction patterns from the precipitates to improve the 
characterisation since they were too thick.
5.5 NUCLEATION AND GROWTH OF LIQUID POCKETS
5.5.1 Nucleation
The formation of pockets of liquid inside the solid phase has been widely 
reported, especially with reference to the equilibrium shapes at grain boundary 
intersections which allow the determination of the ratio of grain boundary to 
interfacial tensions (Eustathopoulos, 1983). Liquid formation at grain 
intersections is generally preferred to formation at intragranular sites 
because the intersection can act as a heterogeneous nucleation site. 
Intragranular formation of liquid droplets has also been used to measure the 
anisotropy of the solid-liquid surface energy in systems where the entrapped 
liquid forms a recognisable feature on quenching, as for example with tin-rich 
liquid inclusions in an aluminium matrix (Eustathopoulos). Intragranular 
liquation has been reported to occur during supersolidus sintering of Cu-Ni; 
Bala and Lund (1979) observed that the pockets of liquid probably formed at 
interdendritic regions where there is a local solute enrichment but in this
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case, there is no local solute inhomogeneity. It has also been observed that 
liquid pockets may form as a result of constitutional superheating associated 
with the melting interface (Woodruff, 1968; Verhoeven and Gibson, 1971).
In spite of the frequent observation of these features, there has been little 
discussion of their behaviour with reference to nucleation and growth 
processes. It is generally accepted that the formation of liquid can take 
place on a free surface without any nucleation barrier since the sum of the 
solid-liquid and the liquid-vapour surface energies are normally lower than the 
solid-vapour surface energy alone (Woodruff, 1973). A similar argument 
accounts for the preferrred formation of liquid at grain boundary 
intersections. However, there must also be some kind of preferred nucleation 
site for the intragranular formation of liquid, as in these experiments. This 
may be seen from a simple calculation for the superheating required to form a 
liquid nucleus in the solid matrix (see Appendix VI) - this is estimated to be 
approximately 300 K. This value is sufficiently high to preclude the 
possibility of homogeneous nucleation of liquid in these experiments.
It is interesting to consider the partitioning of the energy in a critical 
nucleus; according to the calculations in Appendix VI, the energy of the 
critical nucleus is approximately 7.1 10“19 J corresponding to a cluster of 
approximately 260 atoms. The total energy per atom is of the order of 
2.73 10“21 J which comprises a surface energy contribution of 8.2 10“21 J and 
a strain energy term of approximately 2 10“21 J; this is opposed by the 
chemical energy of -8.2 10“21 J so that the major obstacle to nucleation is 
clearly the surface energy term.
Nucleation of liquid on dislocations is only marginally more favourable, since 
the superheat required is reduced to approximately 180 K. This is still much 
higher than the available superheat, which is typically of the order of 15 K, 
corresponding to a chemical energy of 3.21 10“22 J per atom,
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Nucleation of liquid must be assisted by the presence of the Al-Fe 
intermetallic particles found; this might be through the separate or combined 
effects of reduction in surface energy and the reduction of the elastic strain 
energy. Reduction in the surface energy term might be possible as the 
precipitate-matrix interface is incoherent and therefore of relatively high 
energy so that the precipitate may then act as a heterogenous nucleus.
The misfit strain associated with the volume expansion on liquation is 
actually higher than with pure aluminium because of the effect of solute 
partitioning combined with the lower density of the magnesium enriched liquid 
The Al-Mg system is unusual in this respect because of the low density of the 
magnesium, most other solutes have higher densities and tend to reduce the 
volume change. Estimates of the misfit strain taking into account the solute 
partitioning (see Appendix VI) indicate that the linear misfit strain might be 
as high as 3.5%, for which the strain energy in the nucleus would be 
approximately 1.9 10-21 J/atom which offsets the chemical energy up to 
superheats of approximately 90 K. However, liquid pockets are observed and at 
relatively low superheats so that this elastic strain energy must be relaxed 
by some mechanism.
It seems probable that there is some microporosity at the interface between 
the matrix and the intermetallic particle, arising from final solidification 
shrinkages, which lead to misfit strains of the order of 1-2%. This is likely 
to be a stronger effect than the thermal misfit strain from the differences in 
the thermal expansions coefficients of aluminium (27.7 10-e *K-1) and the 
intermetallic (=15 10-e *K_1) (Mondolfo, p284) which is only of the order of 
0.67%. The formation of a free interface eliminates both the surface energy 
term as well as the strain energy associated with the formation of the liquid, 
so that there is then no nucleation barrier to liquid formation.
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5.5.2 Plastic Relaxation of Transformation Strain
The previous section has demonstrated why a relaxation of the transformation 
stress is necessary for the growth of the liquid pockets at low superheats. 
Relaxation of the transformation strain energy of a misfitting spherical 
precipitate has been discussed by Lee et al (1980) in an analysis which is 
based on ideal elastic-plastic behaviour in the matrix (i.e. elastic behaviour 
up to the yield stress with no plastic work hardening).
If a misfitting sphere of unconstrained radius a(l+e) is introduced into a
cavity of radius a in an infinite matrix, the constrained radius of the 
precipitate is then a(l+$€). Application of elasticity theory to the problem 
gives the elastic stress components in the matrix as
O' r = ~2 o'© = -4pfc(a/r)3 [5.15]
£ is a combination of elastic properties a and Y;
£ = ocY/(a(*-l) + 1) = 0.66 [5.16] .
a is a function of the Poissons ratio (v= 0.39):-
cx = (l+v)/(3(l-v)) = 0.76 
Y is the ratio of precipitate bulk modulus K (50 GPa) to matrix bulk modulus 
Km (80 GPa), i.e. Y - 0,625 (Mondolfo, 1976, p81). 
p is the matrix shear modulus (20 GPa) (Mondolfo)
There is much uncertainty attached to these values; Mondolfo cites values for G 
of approximately 20 GPa with little temperature dependence whereas the data 
given for the elastic modulus E indicates a strong reduction with increasing 
temperature; this is inconsistent with the rise of the v with increasing 
temperature also reported. The Poisson ratio at 300 K is 0.345 so that a 
value of 0.39 at 830 K (which fits the compressibility data) is reasonable.
The total elastic strain energy per unit volume in the precipitate in the 
absence of any relaxation is given as;
E®i = 6paYe2/(ct(Y-l) + 1> [5.17]
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This is evaluated as 1.36 10“21 J/atom for a misfit strain of 3.5% (this is 
actually equivalent to [A6.4]>.
The stress state in the precipitate is pure hydrostatic with no shear 
component whereas the stress state in the matrix does have a shear component; 
the maximum shear stress is given by one half of the difference between the 
maximum and minimum principal t stresses; from [5.15] this is given by
t = te(<re - <rr) = 3/4.ov = -3pj3€(a/r)3 [5.18]
This may be formulated in terms of the pressure in the bubble since
p= 4pjte [5.19]
so that the shear stress is (3/2)p(a/r)3. Yielding will start at the matrix- 
precipitate interface when the pressure p exceeds a critical pressure given by 
2/3 ov (yield stress).
With the onset of yielding, the system is described by an elastic precipitate 
surrounded by a plastic zone which is in turn surrounded by an elastic zone. 
The extent of the plastic zone rP is given in the continuum model as;
rp/a = exp{(p/2ov) - 1/3) [5.20]
The total strain energy per unit volume of the precipitate may then be shown 
to be;
w = p2 (l-Y)/2YK + (ov2/ocp) <1/6 + (rP/a)3ln (rP/a>> [5.21]
The actual equilibrium pressure in the bubble after yielding may be evaluated 
since the the elasto-plastic analysis gives
p = 3KYe(l-8') [5.22]
where is implicitly given by;
6cxpe(Y+0'-¥£')/ov = exp((9KYe(l-0')/2ov) -1) [5.23]
Numerical solution for £' in this equation and substitution of these values 
into [5.20, 5,21 and 5.22] gives the following results; (w is the total elastic 
+ plastic energy per atom in the pocket, and AT is the corresponding superheat 
required in the Al-Mg system)
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€ ov/p (!-£') p/MPa (rp/a) w/10"2* J AT/K
0.03 lO"3 0.0187 52.6 2.7 1.74 0.08
0.03 10“* 3.0 10“* 7.3 4.4 0.039 0.0002
0.02 10-3 2.9 10~3 48.9 2.4 1.17 0.054
0.02 O 1 4.2 10-* 6.9 4.0 0.01 0.0005
This may be compared with the results of the analysis of Lee et al, shown in 
Figure 5.14. This is presented as a plot of the ratio of the total strain 
energy (with plastic relaxation) to the corresponding energy with no 
relaxation, for two cases corresponding to different ratios of the yield stress 
to shear modulus (10-3 and 10~5 respectively). This shows that both the 
relaxed bubble pressure and the normalised plastic radius depend critically on 
the value of the ratio of yield stress to the shear modulus and to a lesser 
extent on the degree of misfit. Figure 5.13 indicates that there is a high 
density of dislocations in the plastic zone so that work hardening may 
increase the effective yield stress so that the ratio (rP/a) is further reduced 
and AT increased. However, this can omly be a transient effect because of the 
high creep rates expected under these conditions.
The general conclusion is that the plastic relaxation does reduce the free 
energy required to sustain growth of the pocket to extremely low levels 
compared to the driving force available from the supersaturation.
5.5.3 Effect of Hucleant Particle Size
Although the plastic relaxation process can reduce the transformation strain 
energy, it should be made clear that the development of the plastic zone at the 
precipitate matrix interface as the pressure in the liquid pocket rises 
requires a dislocation nucleation event which is distinct from the nucleation 
of the liquid in the first case. Ashby and Johnson (1969) have addressed the
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problem of the nucleation of the plastic zone around a misfitting sphere and 
they demonstrated that there exists a minimum misfit ec«-it. for dislocation 
generation to be possible. The value of this critical misfit depends on the 
nature of the interface; for an incoherent interface, as is the case here, the
misfit decreases with increasing particle size. For intermetallic particles
with radii of approximately 500 nm, it is of the order of 0.003 and so this 
misfit may be generated by the differences in thermal strain between the 
precipitate and the matrix. Lee et al also concluded that plastic relaxation 
is not possible for very small precipitates and cannot occur for particles 
less than 10 nm in diameter.
5.5.4 Dissipation of Supersaturation
The rate at which the liquid pockets grow to relieve the matrix
supersaturation is of interest since this allows some estimation of the extent 
of the interior liquation, and hence a prediction of its influence on the 
effective fraction solid as a function of temperature. However, the 
supersaturation may be relieved by diffusion to the globule surface as well as 
to the liquid pockets, which is marginally less favourable as described. 
Diffusion of solute to the liquid pockets differs from the back-diffusion 
responsible for the development of the solute distribution during the 
preheating treatment as follows;
1) The diffusion configuration is inverted.
2) Diffusion distances are much shorter - the maximum distance is half 
the mean spacing between the nuclei.
3) Diffusion may take place more rapidly as a result of the postulated 
matrix strain or deformation in the region surrounding a pocket.
4) Concentration gradients are much smaller - the maximum supersaturation 
generated with a 15 K increase in processing temperature relative to the 
preheating temperature is only of the order of 1.2%.
The actual behaviour under conditions of supersaturation must depend on two 
factors;
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1) If the back diffusion number a is high, then the supersaturation 
developed is weak and may not be sufficient to activate the nucleation of 
the liquid pockets.
2) If the back diffusion number is lower, then liquid pockets are formed.
The behaviour then depends on a and a' which is a similar diffusion number 
describing the diffusion of solute to the liquid pockets. The value of a' is 
much greater than a because the characteristic dimension L refers to the 
distance between the pockets rather than the diameter of the globules.
High ratios of a7a imply that internal liquation can dissipate most of the 
supersaturation.
The actual diffusion distance is probably considerably less than 1.5 pm which 
is half the measured mean planar spacing between the particles. This is 
because the mean spacings are actually less than the measured planar spacings; 
an estimate of the true diffusion distance is given in Appendix IV as 
approximately 1 pm or less so that the solute transfer kinetics are expected 
to be very rapid. If the solute supersaturation is effectively reduced by 
transfer to the liquid pockets, the volume fraction of liquid formed in the 
globule may be estimated from the phase diagram using a lever rule 
construction, based on the assumption that the globule had equilibrated at the 
lower (preheating) temperature and also relaxes rapidly to the new equilibrium 
at the higher temperature because of the short diffusion distances. If the 
preheat temperature is 833 K and the reheat temperature is 848 K then the 
maximum possible fraction of liquid formed inside the globule is approximately 
13% - so that the effective fraction of solid would then be close to the 
fraction of solid at the preheating temperature (see Figure 5.15), This is 
certainly an overestimate since the solute will also diffuse to the globule 
surface. However, the composition profiles measured show no evidence for a 
minimum in the solute profile so that it seems likely that the supersaturation 
in the globule interior has been removed.
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If the mean diffusion distance x is approximately 1 pm or less, the time 
required for diffusion of the excess solute to the pockets must be of the 
order of (x2/2D) which is of the order of 0.8 seconds; this means that 
supersaturations set up in the globule core are rapidly relieved by internal 
melting instead of melting from the globule surface (i.e. supersaturations are 
relieved by internal liquation).
Growth of pockets under isothermal conditions must eventually be limited by 
solute depletion, since work hardening is not expected to be significant (see 
5.9.2). If the mean spacing between the particles is actually close to that 
predicted by Appendix IV then the mean diameter of the liquid pockets required 
to give a 13% liquid fraction is approximately 1.1 pm - this is consistent 
with the results of the composition profiles determined by the TEM 
microanalysis (Table V).
It is worth noting in this context that the pockets which are close to the 
globule surface must experience a high driving force for the transfer of solute 
to the surface. Contributions to this driving force arise from the 
Gibbs-Thompson effect and also from the elastic energy associated with the 
state of pressure in the pocket.
5.6 EFFECT OF PROCESS CONDITIONS ON MELTING BEHAVIOUR
5.6.1 Development of Supersaturation
Although the nature of melting stability has been investigated for the case of 
controlled melting of planar interfaces, no such analysis is available for the 
spherical geometry or the type of solute distribution that arises from the 
processing described here. However, the general results of the stability 
analysis might be expected to be valid, i.e. that constitutional superheating is 
a necessary, though insufficient condition for development of instabilities.
The formation of a liquid pocket is a different type of interfacial growth
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instability and so it is not subject to this condition} the evidence is that 
only fairly modest supersaturations are required for nucleation, and certainly 
growth of the pockets. This discussion of the interior liquation of the 
globules closes with a review of the conditions necessary for the onset of 
this solute supersaturation.
Temperature gradients across the globules are expected to be very shallow so 
that the development of the super saturation is mostly controlled by the solute 
levels. If this is the case, then the onset of a solute supersaturation occurs 
when the interior composition exceeds the interfacial composition. Three cases 
are considered for the development of this condition;
1> Vhen the globule material starts with a zero solute content, as in the
case of the normal processing preheating treatment as described,
2) Vhen the globules have an appreciable solute content as is the case with
the reheating treatment, and are then subjected to rapid reheating to some 
temperature in excess of T*.
3) Vhen the globules have a high solute content (atomised prealloyed 
powders).
Case 1:
Solute supersaturation can only develop when the temperature is increased 
beyond T* as previously discussed. Veak solute supersaturations are expected 
to develop, because the diffusion profiles are coupled with the heating rate; 
the diffusion processes responsible for the solute uptake at temperatures below 
T* operate more rapidly when the temperature is greater than T* (a is high).
Ho evidence has been found for internal liquation of the globules in the 
billets which had been hot pressed at temperatures only marginally above T*. 
although structures in one billet which was heated to within approximately 10 
K of the liquidus do show some evidence for internal melting 
(see Figure 4.11(d)).
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Case 2:
If the globules already have an appreciable solute content, the T* condition is 
modified to take into account the effect of the solute absorbed during the 
preheating treatment. In addition, the coupling between the concentration 
profile and heating rate (case 1) is no longer valid and the profile actually 
generated depends on both the profile generated during the preheat treatment 
and the diffusion layer adjacent the melting interface developed during 
reheating (Figure 5.11), i.e. the diffusion number a' for the reheating has 
become much smaller than for the preheating so that the width of this layer is 
narrow. The solute content in the globule interior cannot escape so that 
supersaturations can be generated.
Case 3:
This represents a more extreme case of case 2. T* is now the solidus 
temperature for the alloy, so that very large solute super saturations can be 
generated by reheating into the semi-solid range. As expected, structures of 
prealloyed powders developed by supersolidus sintering show substantial 
internal liquation ; (Figure 6.6f).
However, if there is a strongly dendritic segregation pattern, the interface 
may be destabilised because the concentration gradients along the interface 
lead to preferred channels of melting. These melting channels can penetrate 
into the globule interior and relieve the increasing super saturation. This is 
likely to be the case with coarse structures but the homogenenisation time 
with finer structures (as with the fine prealloyed powders) are sufficiently 
low to remove this destabilising effect prior to melting.
5.6.2 Implications for Process Optimisation
The phenomenon of interior liquation of the globules must be regarded as 
deleterious for the process of die injection, because the occluded liquid formed
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cannot contribute to the flow of the slurry and also leads to microporosity 
within the globules in the final casting. If a particular (minimum) fraction 
of liquid is required to exploit the advantages of die-injection with semi­
solid material, a process profile which would provide slurry without generating 
much occluded liquid might be defined. This involves
pre-heating rapidly to some relatively low temperature (less than T*) for hot 
pressing with sufficient liquid for good densification but without admitting 
significant back-diffusion. T* for the reheating stage is therefore relatively 
high so that the desired fraction of liquid can be generated without 
developing solute supersaturations.
5.7 SUKftARY
5.7.1 Preheating
1) Although the initial segregation pattern is initially far from 
equilibrium, the system can relax towards equilibrium because of the 
relatively small diffusion distances.
2) The exact state of the solute partition is difficult to describe 
analytically at temperatures below T* because of the distribution of particle 
sizes present. However, the system is satisfactorily described by the 
change in mean solid composition during processing.
3) T* becomes progressively higher, and the onset of solute super saturation 
becomes increasingly delayed as the heating rate increases.
4) The back diffusion parameter may be controlled by selecting the powder 
particle size for a given heating rate.
5) For the processing conditions used in the typical preheating cycle, T* 
appears to be approximately 800 K. The hot-pressing temperature TP is 
typically 830 K so that billets are hot pressed in a condition of marginal 
solute supersaturation and the fraction solid at TP should be described by 
the equilibrium lever rule with little error.
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5.7.2 Reheating
Under conditions of rapid reheating to temperatures in excess of the preheat 
temperature, a solute supersaturation can be established in the globule 
interior. The melting behaviour resulting from this supersaturation follows 
the pattern of nucleation and growth transformation kinetics. This is only 
possible because the intermetallic particles identified provide suitable 
nucleation sites for liquid formation, which is then controlled by the 
diffusion kinetics for the transfer of excess solute from the matrix into the 
liquid pocket, (The phenomenon is, however, likely to be widespread in this 
type of processing as such particles are in practice commonly present).
Plastic relaxation of the volume misfit of the pocket reduces the overall 
transformation strain energy to an extent where growth of the liquid pocket is 
sustained by low supersaturations which are easily generated in this type of 
processing.
If the volume density of the nucleation sites in the globule is sufficiently 
high, the supersaturation is likely to be mostly relieved by internal liquation 
instead of melting from the exterior interface. Over the regime of interest, 
the apparent viscosity of the slurry varies strongly with the effective 
fraction solid so that this phenomenon of interior liquation could influence 
the rheology and hence the die-filling behaviour.
This effect stems from the combination of slow preheating to some relatively 
low temperature, followed by rapid reheating to a higher temperature for die- 
injection. With the preparation of semi-solid slurry by stir-casting or 
equivalent solidification routes, solute supersaturation does not occur because 
the reheating temperature for die injection is generally less than the 
temperature from which the slurry was initially cast (temperature for die- 
injection is less than T*). In addition, the globules are formed without any 
pecipitates to act as suitable nuclei for interior liquid formation.
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Chapter 6
DIE-INJECTION OF SLURRIES
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6.1 INTRODUCTION
The second principal objective in this study was to die-inject the semi-solid 
structures generated by the process route described. Die-injection facilities 
were made available at at the Fulmer Research Laboratories where a 125 ton 
"Red Ring" machine (Figure 6.1) had been specially modified for the development 
of an injection process using globular material produced by a solidification 
route as the feedstock. Modifications included die-heating (using circulating 
oil to maintain a die-face temperature of approximately 470 K) as well as 
changes to the gating configuration and the injection cycle. The injection 
facilities included an induction heating system specially designed for the 
reheating stage prior to die-injection.
The aim of these die-injection studies was to determine some of the most 
significant variables controlling the die filling behaviour. The detailed 
behaviour is determined by the combined influence of three sets of variables 
as follows;
1) Slurry structure; fraction solid and particle size distribution.
2) Injection conditions; injection velocity and die temperature.
3) Gating and cavity design and configuration.
However, as this series of die-inject ion studies started very late in the 
program, the experimental work was necessarily limited to an investigation of 
some of the effects of slurry structure.
6.2 THE DIE-INJECT I ON PROCESS
In common with other hydraulically driven machines, the die-caster may be 
considered as a pump. This means that the line pressure available must 
necessarily drop as the delivery rate of the pump increases so that the 
applied force drops as the ram velocity increases. In practice, the line 
pressure available during die-injection is increased by the use of a pressure
- 155 -
accumulator which uses the hydraulic pump to pressurise a cylinder containing 
nitrogen in between machine cycles. This stored energy is used to drive a 
pressure intensifier which is available to temporarily increase the line 
pressure towards the end of the injection stroke. The force applied to the 
ram depends primarily on the line pressure and on the back pressure in the 
injection cylinder. The nominal hydraulic forces available range from 71 kN 
with no intensification to 186 kJT with full application of the pressure 
intensifier. This force acts over a cylinder with a diameter of approximately 
60 mm so that the pressures generated range from nominally 25 to 66 MPa.
In addition, the actual force applied to the charge must include terms for the 
effect of friction in the shot sleeve and also inertial forces. Friction can 
lead to a reduction in transmitted injection force if the shot cylinder is 
worn, but this is not very significant. However, the inertial term is probably 
large when the charge is subjected to large decelerations as may be the case 
when the charge hits the end of the shot sleeve and begins to experience 
shearing (Mehrabian and Flemings, 1972).
6.2.1 The Injection Cycle
The injection cycle may be programmed in stages which are controlled by limit 
switches actuated by the ram travel. The normal cycle for the injection of a 
liquid charge is as follows;
Stage 1 - Slow shot: the liquid charge is swept along the shot sleeve until 
it is well clear of the ladle hole.
Stage 2 - Fast shot (after 12.5 cm of ram travel): the ram accelerates so 
that the metal is forced through the gates and into the cavity at the 
optimum velocity.
Stage 3 - Intensification (after 14 cm of ram travel): once the cavity is 
filled, the pressure intensifier is applied to reduce the porosity introduced 
during injection and to feed solidification shrinkage as far as possible 
before the gates freeze.
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In this cycle, the emphasis is on providing maximum force to reduce the extent
of the casting defects associated with liquid die-inject ion.
Vith the injection of semi-solid slurry, however, different considerations and 
limitations apply. The critical stage of the injection process is the initial 
shearing of the billet; sufficient energy must be available for this so that 
the viscosity of the slurry is reduced to a suitable degree for optimised die 
filling. This means that the injection of slurry requires a different cycle, 
in which the maximum forces are developed at an earlier stage. The cycle used
at the Fulmer Research facility for the injection of semi-solid material
is as follows;
Stage 1 - Slow shot
Stage 2 - Intensification (after 6 cm of ram travel)
Stage 3 - Fast shot (after 10 cm of ram travel)
This sequence is possible because there is less risk of metal escaping from 
the ladle hole with the injection of a semi-solid slurry compared to the 
injection of superheated liquid.
6.2.2 Production of Die-Castings
A series of billets was fabricated for die-injection as previously described. 
Details of billet constitution and processing conditions are given in Tables I 
and II. The ends of the billets were drilled to recieve thermocouples; 1.5 mm 
diameter sheathed thermocouples were used in this study and the heating 
profiles recorded using a Rikadenki chart recorder. In the first injection 
experiments, (numbers 1-4), billets were reheated in an air circulatory furnace 
to the desired temperature and then transferred to the shot sleeve of the die 
caster. At the appropriate injection temperatures, the billets were soft and 
needed to be supported on trays which can then be manipulated using tongs for 
transfer to the shot sleeve.
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Similar handling is required for the billets which were heated using the 
Radyne Induction generator which was commissioned in the course of the 
project. Reheating rates for billets in the muffle furnace are very low so 
that the structures are prone to considerable deterioration in terms of 
coarsening, bleeding of liquid from the surface and oxide formation.
The most appropriate method of reheating billets for injection is by induction 
heating; in the course of the study, an induction generator was commissioned 
for the sponsoring project and this was also made available for the processing 
of the powder based billets. This was a 50 kV Raydyne set running at a 
frequency of 4-5 kHz; typical power settings were selected at approximately 50 
or 60%.
Billets were produced with a diameter of 60 mm. A minimum billet length of 
approximately 65 mm (corresponding to a billet mass of approximately 470 g) 
was considered to be necessary for adequate filling of the die cavity.
The first billets produced were too short for injection as single units and so 
they were reheated and processed in pairs. This procedure was adequate when 
the billets were reheated in a muffle furnace but not when they were reheated 
using the induction generator; the difficulty in this case was that the split 
load in the excitation coil led to current looping which resulted in very 
uneven heating.
These constraints meant that the powder processing route had to be adapted to 
produce billets of sufficient size which could be reheated in a single unit 
using the induction generator. Fortunately, this was just possible with the 
die set available; the depth of the cavity was 110 mm and taking account of 
the overall pressing configuration, this was sufficient to produce a maximum 
single billet size of approximately 76 mm.
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Die-injection events were instrumented using displacement and pressure 
transducers connected to a UV recorder with a chart speed of 80 cm s_1 to 
give traces of the ram displacement and line pressure against time.
6.2.3 Analysis of Die-Castings
The castings produced were examined using several techniques;
1) Visual examination: the surface of the casting is an important indicator 
of quality. The specific defects observable include the following
a) formation of cold shuts where two impinging streams of slurry meet 
but do not unite completely.
b) surface bleeding caused by the exudation of liquid from the interior 
during solidification.
c) surface pinholes which are indicative of significant subsurface 
porosity in the thicker sections.
d) surface depressions which indicate poor mould filling, possibly 
through premature solidification or inadequately-fed shrinkage.
2) Examination by X-ray radiography: this gives an indication of the general 
extent and distribution of defects. In some cases, twin stereoscopic 
exposures allowed the spatial resolution of defects.
3) Density determination: the density of some of the castings was measured 
to allow an estimation of the overall porosity content of the castings. 
Densities were determined using the technique of weight measurement when dry 
(Kcj) and when immersed in water (Mw) so that the density is taken as
D  = Md/OCc* - Hw>.
The porosity would normally be measured by comparing the actual density 
with the theoretical density. However, in this case there is some doubt as 
to the precise value of the theoretical density and so the actual porosity 
introduced during the die-injection was taken by comparing the casting 
density with the density of the biscuit end on the casting. Porosity was 
then taken as
porosity = 1 - (biscuit density/casting density)
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4) Microstructures were examined using standard metallographic techniques; 
sections were polished using diamond pastes down to 1 pm and then observed 
using the following techniques
a) surface anodising: polished surfaces were anodised for typically 20 s 
at a voltage of 50 V using a 15% solution of fluoroboric acid which was 
agitated with an electromagnetic stirrer. This technique was preferred 
since the anodising behaviour seemed to be very sensitive to the presence 
of magnesium intermetallics; this allows clear differentiation of the 
solid globules and the surrounding liquid prior to quenching. In 
addition, when these structures are observed under polarised light, the 
colour of the anodised film varies with the crystallographic orientation 
of the globules so that the substructure of globules (if any) may be 
observed. Anodising was not possible if the structures were 
substantially porous or contained added dispersoids and in this case 
alternative methods of surface preparation were required.
b) surface etching: the use of diluted Kellers reagent etched the 
int erg lobular intermetallics and revealed the final microstructure. 
However, these structures were not as easy to interpret as the anodised 
surfaces because of the lack of grain contrast.
c) Nomarski interference microscopy: this was sometimes used to reveal 
the globular structure which is caused by polishing relief between the 
globules and the matrix liquid.
Examples of the structures revealed by these techniques are given in 
Figures 6.2 (a,b,c)
6.2.4 Constitution of Billets
The reasons for the choice of Al-Mg as the system for this study have been 
given in the previous chapter. Because the fraction solid is most easily 
controlled in systems with a wide freezing range (provided that the f»-T curve 
is not highly non-linear), the first castings were based on a composition
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close to that giving the maximum possible freezing range; the phase diagram 
(Figure 4.1) for this system indicates that this occurs at the maximum solid 
solubility of Mg in Al, i.e. 18 wt% giving a freezing range of 110 K. 
Accordingly, a composition close to this (actually 20 wt% Mg) was chosen for 
the first set of experimental castings which formed a feasability study to 
test the viability of die injection using powder based structures.
Vhen these structures were injected as described, the die cavity was well 
filled and the surface definition was good but the castings were prone to 
fragmentation on ejection from the die. This was attributed to the alloy 
composition which results in the formation of a large fraction of the 
embrittling Al-Mg intermetallic phase in the region between the aluminium 
globules. Because of this problem, another set of experimental castings were 
fabricated, based on the Al-10%Mg composition which forms a lower fraction of 
the magnesium intermetallic. The nominal freezing range is then reduced to 
approximately 70 K (see Figure 4.2) which is still acceptable for control of 
the fraction solid. These castings were generally successfully ejected from 
the die and this composition was used as a standard for all subsequent 
castings.
The choice of the billet structures for die injection as indicated in Table I 
represents an attempt to cover a range of structures. In particular, attention 
is drawn to billets 48, 18 and 17 since these form a series of castings with 
globule size increasing from 10 pm (Ho.46) to 40 pm (No.16) to >200 pm 
(No.17). One casting was also fabricated using prealloyed Al-10% Mg produced 
by the University of Surrey Gas Atomiser facility instead of the usual blended 
composition. The structure of this powder is shown in Figure 4.13. Castings 
were also produced with dispersed phases; these included glass ballotini 
(Nos. 20 and 22) and various loadings of ceramic fibres (Nos. 23, 30-38).
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6.3 RESULTS
There is some difficulty attached to to the detailed interpretation of the 
injection displacement and pressure traces because the powder based billets 
are shorter than the continuously cast billet sections for which the machine 
was set. However, the traces do give an indication of the injection gate 
velocity and of the nominal forces acting on the the slurry.
From the wet and dry weight measurements, the volume of the casting is taken 
as 94 cm3 corresponding to a ram displacement of 3.3 cm. Provided that the 
cavity fills well, it follows that the slurry must be at the gates when the 
ram is 3.3 cm ahead of the final position; this point may be identified on the 
injection trace so that the velocity and line pressure may be determined.
This procedure may also be used to determine the velocity and line pressure 
when the casting begins to be sheared at the end of the shot sleeve; this 
occurs at a point 4.1 cm ahead of the final rest position since the volume of 
the runners corresponds to an extra ram displacement of 0.8 cm. An example of
a recording of an ejection event is given in Figure 6.3
Gate velocities may be determined from the ram velocities by multiplying by a 
factor which is the ratio of the shot sleeve area to the gate area. In this 
case, the shot sleeve has a diameter of 60 mm and the gate dimensions are 
3 mm by 70 mm so that the ratio is 13. The results are set out in Table III. 
General observations are as follows;
1) Injection pressures for the semi-solid slurry charges are generally close 
to 10 MPa whereas the corresponding injection pressures for the superheated 
liquid charges tend to be higher; this is a consequence of the difference in 
injection cycles used for the slurry and the liquid.
2) Gate velocities vary considerably between different castings. This is
probably due to the variation in the slurry viscosity caused by the 
difference in the fraction solid. However, the correlation between the gate 
velocity and the fraction solid, (Figure 6.4), is not particularly good.
- 162 -
6.4 DISCUSSION OF DIE-INJECTION
6.4.1 Estimation of Shear Rate
The discussion of the shearing processes in the injection process is difficult 
because the nature of the flow is not fully understood; this is compounded by 
the pseudoplastic rheology of the slurry so that the determination of the 
shear pattern is a complex problem. It is recognised that there are two 
contributions to the shear; one is the geometrically necessary shear which is 
likely to be most significant at the end of the shot sleeve and the other is 
contribution caused by wall friction, which is likely to be most significant 
within the gate region.
The contribution of the geometrically necessary shears are simply estimated 
from the deformation geometry and the known gate velocities may be used to 
estimate the initial shear rate experienced by the slurry. In effect, the shear 
on a small element of the slurry may be estimated from the change in the 
section geometry as material passes from the end of the shot sleeve 
(diameter 60 mm) to the gate (dimensions 3 mm x 72mm). This change in 
geometry is equivalent to the combined effect of an area reduction between the 
shot sleeve and the gate and the change in section shape in forcing the slurry 
to conform to the flattened gate configuration.
The geometrically necessary shear associated with the area reduction is simply 
the log of the area reduction, i.e. ln(13) = 2.56. Similarly, the shear 
associated with the geometry change at constant area may be determined since 
the representative dimension changes from the square root of the gate area to 
the gate length itself, i.e. 15 mm to 72 mm; this corresponds to a shear 
contribution of In (72/15) or 1.56. Provided that the effective shear is simply
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the sum of the two geometrically necessary component shears, this value is 
then 4.12. As the volume of the runners between the shot sleeve and the gate 
is equivalent to a ram travel of 8 mm, the duration of this shear can be 
determined from the known ram velocity; the shear rate then follows by 
dividing the total shear by the duration.
Vith the injection of the semisolid slurries, a representative value of the 
gate velocity is 20 m s'1 corresponding to a ram velocity of 1.54 m s -1 so 
that the shear duration is 5.2 ms; this implies that the mean shear rate 
experienced by the slurry before it reaches the gates is approximately 
800 s"1.
It should be emphasised that these values refer only to shears which are 
geometrically necessary. These do, of course, depend on the local geometry; 
for example, the geometrically necessary shear in the region adjacent to the 
gate itself may be evaluated using similar constructions as;
e = VtanO = 5.4/s 
V: gate velocity (*20 m s-1) 6: gate taper angle (* 15*)
This is much lower than the mean value of geometrically necessary shear 
previously estimated and it seems likely that the maximum contribution to the 
mean value probably arises from shearing processes at the end of the shot 
sleeve.
A different picture begins to emerge when the effects of wall friction are 
considered since shear patterns must take into account the boundary layer at 
the surface where the velocity drops to zero. If the velocity profile across 
the gate is known, the local shear rate is simply determined since
€ - dv(z)/dz 
v(z>: velocity z: position.
However, v(z)is not known a priori and this illustrates the difficulty in 
estimating the shear rate. One limit for the velocity profile is the Poiseuille 
equation which describes ordinary viscous flow in the laminar regime.
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This equation describes a parabolic velocity profile, corresponding to minimum 
viscous dissipation of the fluid energy, with maximum shear taking place in 
the boundary region. If this equation adequately describes the flow, the 
effective shear rate in the gate is estimated as (4v/t) where v is the mean 
velocity and t is the gate thickness; this value is 27 000 s-1 for a gate 
width of 3 mm and a velocity of 20 m s_1. This value must overestimate the 
shear rate since the slurry is not a simple viscous fluid and is unlikely to 
generate the parabolic velocity profile but the shear rate will be much higher 
at the walls.
Vith disperse phase systems, however, the shear pattern giving the minimum 
viscous energy dissipation occurs when most of the shear is accommodated in 
the boundary layer so that the velocity profile tends towards a plug type 
flow. The high velocity gradients near the surface cause the rejection of 
solid particles from the boundary region; one mechanism for this is the 
rotation of the particles in the shear gradient which interacts with the fluid 
to result in a net force towards the centre of the flow field (Magnus effect). 
In this way, most of the boundary shear takes place in the liquid surface 
layer which transmits very little shear stress to the interior because of its 
lower viscosity (relative viscosities are typically of the order of 1 000), so 
that the effective shear experienced by the slurry is driven more towards the 
lower bound corresponding to the geometrically necessary shear pattern.
The development of plug flow is a central feature of die-inject ion with 
semi-solid slurries; it delays the onset of turbulence to higher velocities and 
promotes die filling with a plane front. Recent theories of slurry die- 
injection (Hong et al, 1978) consider the slurry as a homogeneous fluid so that 
the development and influence of plug flow is not directly considered; further 
work in this area would do much to improve the understanding of the injection 
behaviour.
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6.4.2 Stability of Flow at Gates
Flow stability is considered to depend largely on the Reynolds Number for the 
injection configuration. Following the treatment by Hong et al (1978), the 
Reynolds Number is estimated as follows;
D: hydraulic diameter of gate (11.5 mm)
Re = Dvp/p v: gate velocity (typically 20 m s-1)
p: density of slurry (2 500 kg m~3) 
p: viscosity of slurry (approx. 1 Pa s)
Using these values, the value of the Reynolds Number for die-injection is 
approximately 600.
As before, there is a difficulty since no direct measurements of slurry 
viscosity have been undertaken in this study, and representative values from 
various investigations of slurry rheology been used (Joly and Kehrabian, 1976; 
Laxmanan and Flemings, 1980). This is reasonable because it has been 
demonstrated in a number of systems that the rheology of the slurry is, to a 
first approximation, system independant. The representative value used here is 
1 Pa s although this value changes rapidly with changing fraction solid.
According to Hong et al, the value of Re at which the flow destabilizes and 
becomes turbulent also depends on the stabilising influence of the surface 
energy thorough the Veber Number which is defined as
Ve = [ v (pD/v)1*] v: surface energy (0.3 J/E&
Ve is evaluated as approximately 200 so that the critical Reynolds Numbers for 
the onset of turbulent flow and atomised die fill are approximately 100 and 
1 000 respectively. These values imply that within the limits of the 
uncertainties used in the approximation, Re is significantly higher than the 
critical value reported for the flow transition; this supports the view that 
flow into the die cavity is turbulent although to a much reduced extent than 
with the fully liquid charge, for which the Reynolds Number is of the order of 
600 000.
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6.4.3 Adiabatic Effects
The energy expended in deforming slurry may be esimated from the injection 
traces, e.g. 10 MPa; this is dissipated as heat. This corresponds to an energy 
density of 10A kJ m3; for an estimated volume heat capacity in the semi-solid 
range of 8 103 kJ m“3 K_1 this is equivalent to a temperature rise of 
approximately 1 K or equivalently, a decrease in the fraction solid of 
approximately 1% for an Al-10%Mg slurry with a fraction solid of 0.5. This is 
unlikely to have any discernable effect on the rheology of the slurry since the 
dominant effect is the reduction in effective viscosity due to structural 
breakdown. This may be contrasted with the injection of polymeric materials 
in which adiabatic heating can significantly reduce the viscosity; this effect 
is less significant with the injection of metals because the volume heat 
capacity of metals is so much higher.
6.5 DISCUSSION OF CASTING STRUCTURES
6.5.1 Solidified Structures
Die-castings experience a relatively rapid solidification and so 
differentiation of solid and liquid is possible from the difference in the 
morphological size scale between the globules and the quenched liquid, as 
shown in Figure 6.5. Die-casting structures are therefore rather easier to 
interpret than the precursor billet structures. However, the overall fraction 
solid at the casting temperature is still not easy to determine since the 
apparent globule sizes in the solidified casting may depend on the actual 
globule size in the slurry prior to casting; the instabilites associated with 
the quenched structure do not develop instantaneously. Anodising the surfaces 
and observing the structure under polarised light appears to be the best 
method of differentiating between the solid and the quenched liquid regions.
A representative series of casting structures is shown in Figures 6.6.
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6.5.2 Casting Defects Inherited from Billets
Potential casting defects include internal porosity (unsoundness), hot tears, 
segregation, inclusions, shuts and surface bleeding. Two types of defects are 
distinguished;
1) Defects which are inherited from the billet;
2) Defects which are introduced during die-injection.
Defects which are developed in the billet prior to die-injection include 
entrapped gas and bleeding of liquid from the billet. A major source of gas 
porosity is the entrapped gas which may be introduced during transfer of the 
billet from the heating coil to the shot sleeve. The castings produced in 
these experiments were particularly prone to this type of defect because the 
reheated billets were marginally larger than the shot sleeve diameter.
(The nominal billet diameter was 60 mm which was the same as the shot sleeve 
diameter). Fairly rough handling was necessary to insert the billets into the 
shot sleeve and in general this meant that the billets were folded with much 
entrapped gas (and surface oxides and debris) in the shot sleeve. This gas is 
entrained with the billet during injection with no possibility of being vented 
and it therefore appears in the casting - this is probably the source of the 
major blow holes appearing in the main sections of some of the castings.
Gas entrappment in the shot sleeve may be eliminated with semi-solid injection 
with appropriate handling procedures. (It is worth noting in this context 
that gas entrappment in the shot sleeve has also been identified as a major 
source of casting defects with cold-chamber liquid die-injection.)
Porosity may be introduced into the billet as a result of incomplete 
consolidation during hot pressing, although this was not thought to be a major 
source. In any event, this porosity is dispersed and constitutes much less of 
a problem than the gross porosity caused by gas entrappment.
Exudation of liquid and surface melting are also deleterious since this may 
generate defects and also reduce control because the effective fraction of
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solid in the billet is less well known; material utilisation may also be 
reduced. Although rapid reheating is desirable so that the throughput may be 
optimised, thermal gradients with resulting surface melting may arise so there 
is an effective upper limit to the useful heating rate. This depends 
critically on the coil design but even with an optimised system, the minimum 
heating time is effectively about two minutes. Experiments in which sections 
of billet were reheated (at heating rates less than this critical rate) and 
held at the casting temperature showed that exudation of liquid is a time 
dependant phenomenon with exudate appearing after about five minutes at the 
casting temperature (see Figures 6.7). This may be due to sintering of 
particles together so that liquid is forced to the surface where it escapes 
through cracks in the oxide layer. While this type of exudation may be a 
problem with very slow heating, it is unlikely to represent a difficulty with 
induction heating since the holding times in the semi-solid range are 
comparatively short.
6,5.3 Defects Introduced during Injection
Different types of defect may arise as a result of the die-injection itself.
The most severe defects are those in which the die fails to fill because the 
injection temperatures are too low, as for example with castings numbers 35 
and 37. Another problem associated with low casting temperatures is that 
converging streams of slurry may fail to heal properly; this type of defect 
tends to occur near the pedal end of the crank where the slurry has to flow 
around the core, so that a shut is formed together with much porosity from the 
entrappment of gas when the streams converge. This type of defect can be 
reduced by the addition of suitable overflows to the mould so that the 
defective material is subsequently forced out of the main casting. Any regions 
which involve section changes with the attendant risk of generating a 
recirculating flow are prone to this type of defect, and therefore need to be 
provided with suitable overflows.
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The overflows are not always filled in these experimental castings; this 
reflects the fact that the billets were too short for the settings of the limit 
switches controlling the injection cycle so that the machine casting cycle was 
not optimised.
If the material is injected at too high a temperature, as for example with the 
fully liquid castings, a different set of defects arise because the increased 
solidification shrinkages lead to hot tears and the casting is liable to 
cracking during ejection from the die. This may be exacerbated by the 
tendency for the liquid to stick to the die because the higher temperatures 
and turbulence associated with liquid injection can break down the die 
lubricant layer, and allow the liquid to solder to the die surface. (This is a 
particular problem with Al-Kg alloys).
6.5.4 Solid-Liquid Distribution in Castings
Examination of the casting structures show that there is in general a fairly 
uniform distribution of solid and liquid, although in some cases, a tendency 
for segregation of liquid to the surface of the casting has been noted. This 
effect is most marked with the coarse structures (casting No.17) but it has
also been observed to a varying degree in finer structures (casting numbers
16, 39) and it appears to be weakest in the finest structures (casting number 
46) (Figures 6.6).
This effect could arise in a number of ways:
1) Separation of liquid prior to injection (exudation of liquid)
2) Separation of liquid as a result of boundary shear during injection
3) Separation towards the end of die-injection by transmission of injection 
pressure through structure.
Mechanism 3) seems unlikely as separation is frequently observed in the 
regions of the casting remote from the gate; these regions would tend to 
freeze earlier and should therefore be less prone to this effect than the main
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sections of the casting. No clear evidence is available from the structures to 
differentiate between processes 1) or 2).
Castings must be more prone to the separation of solid and liquid when the 
fraction of solid is relatively low. This is because the resistance to fluid 
flow through the structure drops as the fraction solid decreases (Geiger and 
Poirier, p 91). Coarser structures are also particularly prone to 
macrosegregation since they are far less stable than dispersions of fine 
particles.
6,6 SUMMARY
The exploitation of the potential of semi-solid die-injection requires that 
castings be produced with high fractions of solid. In this series of 
experiments, (and with the injection of the fibre-loaded material, Chapter 7) 
the indications are that any attempts to further increase the fraction of solid 
are liable to result in casting defects as a result of incomplete die-filling. 
However, this is possibly due to the non-optimisation of the process variables 
involved, with particular reference to the die temperature and die design as 
well as injection velocity. Casting at higher fractions of solid demands 
higher die temperatures to minimise premature solidification.
A general conclusion is that the production of good castings requires an 
optimisation of both machine parameters (such as injection cycle, die design, 
die temperature) and the material parameters (such as billet structure, thermal 
proocessing and fraction solid). This is not possible with this very limited 
experimental program so that the casting defects observed here must be 
regarded as inevitable in the circumstances but not an intrinsic feature of the 
process,
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Chapter 7
FABRICATION AND PROCESSING OF METAL MATRIX COMPOSITES
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7.1 INTRODUCTION
The approach to slurry fabrication using the powder processing route was 
considered to be well suited to the incorporation of dispersed phases during 
the blending stage of the operation. In particular, the possibility of 
fabricating and forming slurry containing dispersed ceramic fibres was felt to 
be of considerable interest in view of current developments in the area of 
metal-matrix composite (MMC) materials since these materials offer the 
potential of high specific properties over an extended range of temperatures.
The development of MMC material requires both a fabrication technology and an 
understanding of composite mechanics. The effect of fibre reinforcement 
depends largely on the nature of the fibre-matrix interface but this is beyond 
the scope of this thesis, although it becomes clear that the choice of
processing route must influence or control the nature of the interfacial
reaction.
This chapter is concerned with aspects of processing and subsequent 
fabrication by die-injection. Fabrication using both prealloyed and blended 
powder compositions has been considered. The fibre chosen for the processing 
experiment was a fine ^-alumina fibre developed by Imperial Chemical 
Industries pic and marketed under the trade name of Saffil®. This fibre is 
polycrystalline (crystallite size * 50 nm) with a mean diameter of 
approximately 3.3 pm with a UTS of 2 GPa and a modulus of 300 GPa.
The modulus of this fibre compares with the moduli of some of the light alloys 
aluminium alloys (approximately 71 GPa for alumimium, 44 GPa for magnesium) to
demonstrate that marked increases in specific modulus should be possible with
additions of these reinforcing fibres.
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7.2 FABRICATION OF COMPOSITES
7.2.1 Fabrication Methods
Fibres and metal powders were co-dispersed using a domestic liquidiser 
(Moulinex model) with industrial methylated spirit (IMS) as the dispersal 
medium. Successful dispersion required a low dilution of fibres in the fluid - 
typically approximately 400 ml of IMS for 25g fibres, Dispersal was most 
easily accomplished when the fibres were added gradually so that the blender 
was not clogged. Once the fibres were added to form a slurry, the metal 
powders were added so that both fibres and powder particles were uniformly 
dispersed throughout the fluid. This slurry was then decanted into a settling 
basin to allow separation of the solid from the IMS over a period of several 
hours; excess fluid was decanted off and then the remaining cake was dried, 
firstly by pressing absorbent paper onto the surface to soak up free fluid and 
secondly by driving off the residual solvent in an oven at approximately 37OK. 
Drying in a vacuum oven has also been used but this was found to give no 
great advantage over ordinary oven drying.
This cake was initially processed according to the methods described 
previously for the ordinary material, i.e. by cold pressing to form a billet 
which could be handled for hot pressing.
7.2.2 Processing Difficulties and Solutions
This processing route is subject to certain difficulties and control problems. 
These may be summarised as follows:
1) Fibre damage induced during processing.
2) Material inhomogeneities arising from separation or segregation of fibres 
and powder particles over long and short ranges respectively. This needs 
to be considered for both cake preparation and hot pressing.
3) Loss of material during processing.
- 174 -
7.2.3 Fibre Damage
Fibre damage can arise at differing stages of the processing. In particular, 
fibres are subject to considerable shear forces during blending so that some 
fibre breakage must occur - this is how additions of "blanket" fibre is 
possible. However, examination of material extracted from a sample of the 
fluidised slurry showed that the aspect ratio of the fibres was still 
acceptably high even after several minutes of blending. An SEM micrograph of 
fibres extracted from the slurry after blending is shown in Figure 7,1.
However, although the fibres survive the blending operation, it appears that 
they do suffer heavy damage during the cold pressing operation. Cold pressing 
was necessary with the ordinary processing route to provide a coherent billet 
for handling and also the density of the material to allow fabrication of 
larger billets for die-casting. This was actually used as a fabrication step 
so that the fibres in the billet and the casting both have a very low aspect 
ratio. Fibres in the die injected material are shown in Figure 7.2, and as 
expected they have a low aspect ratio, although some longer fibres survive. 
Measurement of fibre length distributions before and after die injection 
would be useful to indicate the degree of damage introduced.
It was clear that the damage to the fibres could be reduced if the cold- 
pressing step could be eliminated. Accordingly, an alternative method of 
handling was devised in which the fluidised slurry was decanted directly into 
aluminium foil capsules shaped over a former with a size compatible with the 
hot pressing system. This material was then processed according to the 
methods described with the cake contained within the foil capsule. Once the 
control thermocouple had been placed in the centre of the cake and the capsule 
sealed around it, the material was processed in the normal way. Several 
specimens had been prepared in this way but unfortunately, it was not possible 
to prepare sufficiently large billets of this longer-fibre material for die- 
injection studies. If time had permitted, it would have been possible to 
produce castings by placing several billets in series in the shot sleeve
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(although this would probably cause much gas and oxide entrappment in the 
castings.)
7.2.4 Material Inhomogeneities from Processing
Inhomogeneities in the fibre distribution can arise at different levels;
1) At a microscopic level, since fibres may be occluded from regions of the 
composite by the solid powder globules. The extent of this effect is clearly 
significant if the powder particles are large compared with the length of 
the fibres.
2) Inhomogeneities may also arise at an intermediate level. This arises 
during the sedimentation of the cake and leads to the formation of a layered 
structure in the pressed billet (see Figure 7.3) . It is caused by the 
formation of a mesh of fibres which settle co-operatively; powder particles 
having a different natural settling velocity become entrapped by this mesh 
so that pockets of powder-rich and fibre-rich material develop. The 
development of a planar random fibre distribution stems from the formation 
of this mesh. This may be directly observed in the settling of a slurry 
containing carbon fibres in a glass beaker (carbon fibres demonstrate this 
particularly clearly because of the good optical contrast with the powder). 
This effect may be reduced by stirring the slurry at a late stage in the 
sedimentation process with the minimum fraction of dispersant required for 
fluidisation so that the powder rich regions developed during the initial 
settling are dispersed and do not form during the final sedimentation 
because the flow of liquid relative to solid greatly decreased.
However, this leads to another type of inhomogeneity since there is mechanical 
interference of the fibres when ;the cake is stirred with low fractions of 
dispersant; this leads to the development of balls of fibres approximately 
2-3 mm in diameter set in a matrix of powder containing fewer fibres.
- 176 -
A potentially beneficial effect of this secondary mixing process is that any 
long-range inhomogeneity caused by the different settling rates of the fibre 
and the slurry is eliminated.
7.2.5 Inhomogeneities arising during Hot Pressing
Gross separation of the solid and liquid can arise during the hot pressing 
operation if the fraction of liquid is too high, as may be the case if the 
preheat temperature is excessive. This type of separation has been 
investigated for the case of slow unconstrained compression of ordinary semi­
solid slurry (Suery and Flemings, 1982; Laxmanan and Flemings, 1980; Pinsky et 
al, 1984) and this corresponds exactly to the deformation experienced during 
the early stages of the hot pressing operation. With MMC material, the fibres
remain in the centre of the billet while the liquid is squeezed out towards the
edge; this is always a feature of the structure when the billet was hot 
pressed above the liquidus temperature, as sometimes happened when the 
heating rate was too high for adequate control.
This observation demonstrates the advantage of processing in the semi-solid 
range; homogeneous deformation of the material is possible since the fibres 
are constrained by the presence of the solid to follow the flow pattern 
imposed.
7.2.6 Material Losses during Processing
Material losses arise when the solvent is decanted off after the initial 
sedimentation since powder or fibres may still be in suspension. The weight 
of material lost in this way may be determined by weighing the dry sediment 
formed from the decanted fluid; this was found to be approximately 1.6 g from 
an initial loading of 200 g. This compares with a measured weight difference 
between the starting materials and the final cake of approximately 4 g; these
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losses are not considered to be significant for this laboratory scale 
processing.
7.5 DIE INJECTION WITH HHC HATER IAL
Material was die injected with fibre loadings up to 15 wt% (equivalent to 
approximately 10 vol%) dispersed in semi-solid slurry with fractions solid 
varying between 0 and 0.65. This material was produced according to the 
methods described and it should be emphasised that the powder cake had been 
cold pressed so that the aspect ratio of the fibres in the billets was short - 
this cold pressing route had been used because the alternative method 
described had not been developed at the time.
Details of the constitution and processing conditions for the MMC billets 
produced for die injection are summarised in Table I (billets 23-37), and the 
injection conditions are given in Table III, This information is plotted in 
Figure 7.4 to define a processing field together with the characteristic 
defects.
7.4 DISCUSSION
7.4.1 Fabrication
From a processing point of view, the fabrication of MMC material by this 
method depends critically on the operations of co-dispersion and separation 
from the dispersal fluid. The approach developed with this work demonstrates 
that this is viable; the general distribution of fibres is good, although there 
is some tendency to develop the intermediate segregation pattern. This may be 
improved by suitable manipulation of the process variables, with particular 
reference to the viscosity, density and concentration of the dispersal fluid. 
Some advantage may follow from the use of low viscosity and density dispersal 
fluids to increase the rate of settling and the application of a low amplitude
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vibration may also be useful in the later stages to maintain fluid properties 
with low levels of solvent present. An alternative technique that might 
improve the sedimentation properties is the use of a centrifuge.
One aspect which is of potential interest is the possibility of controlling the 
orientation of the fibres during the settling operation since the planar random 
orientation is strongly developed. This might be used to develop a preferred 
orientation in conjunction with a post-consolidation forming treatment (for 
example, with extrusion in the semi-solid range).
Both prealloyed and blended powder compositions may be used in the fabrication 
of this material. All the billets fabricated for die injection were based on 
the blended composition since a suitable prealloyed powder was not available 
at the time; quantities of gas atomised Al-10% Mg from the University of 
Surrey Atomiser were subsequently used in the fabrication of small billets 
containing longer fibres which had not experienced the cold pressing 
operation.
It is possible to identify advantages for fabrication using prealloyed powder 
compared to blended compositions;
1) Separation of the powder composites may take place and has been observed 
in the sedimentation stage. With the Al/Al-Mg powder blend, the Al-Mg 
powder is considerably coarser than the aluminium powder and therefore 
sediments far more rapidly; this offers one more dimension of separation 
than is possible with the prealloyed powder and fibre slurry.
2) The relaxation time for the approach to equilibrium is much shorter with 
prealloyed powders than with the blended powders (except for very fine 
powders) so that the fraction solid is easier to control during the 
processing.
3) Prealloyed powder globules are subject to internal melting, as discussed 
in chapter 5; they may be relatively soft and can therefore conform 
relatively easily to the fibres during the pressing operation without causing
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excessive damage. If this is the case, then a rapid heating cycle may be 
required to permit the pressing while the globules are still mushy and 
before they coarsen.
This contrasts with the potential advantages of using blended powders;
1) The liquid phase is formed with a higher solute content (due to the non­
equilibrium nature of the processing). This may influence any interfacial 
reactions taking place and hence the degree of bonding or interfacial attack.
2) Higher fractions of liquid may be formed at lower temperatures so that 
consolidation with the necessary fraction of liquid (to facilitate 
densification without causing too much damage to the fibre) may be effected 
at low temperatures (thereby minimising damage to the fibre through
interfacial attack).
3) The well-defined globular structure developed with the blended powder j 
processing route is required if the material is processed by die-injection, j
4) The fracture toughness of the composite might be expected to be modified 
if a globular microstructure is developed (improvements in fracture 
toughness have been reported in stir cast structures (Lee, 1983)).
7.4.2 Discussion of Injection Behaviour
In general the injection behaviour of the slurry containing various loadings of 
fibres appears to be similar to the behaviour of the slurry itself. Figure 7./j. 
shows that the processing field is bounded by the appearance of two types of 
defect;
1) The tendency for the casting to fragment on ejection from the die when 
the liquid content is too high (casting numbers 34, 30)
2) Poor die filling characteristics (or complete failure to fill) when the 
liquid content is too low (casting numbers 37, 35).
The first type of defect is probably due to the formation of hot tears in the 
structure as a result of the solidification shrinkages. Fracture surfaces
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taken from the end of the arms of the spider crank (where the contractions are 
constrained by the change in section) show clear evidence of hot tearing 
(Figure 7.3co->. This may be compared with the fracture surfaces from the 
castings produced with higher fractions of solid (Figure 7.5b)which do not 
display this defect. (Castings produced from superheated liquid are also 
subject to hot tearing and cracking on ejection from the die.) On the basis of 
the limited evidence used to construct Figure 7.4» it appears that the 
processing window becomes narrower as the fibre content increases. However, 
it is not clear whether whether the fibre loadings have approached maximum 
possible value, or whether the processing field indicated in Figure 7.£ is very 
sensitive to the structural variables of fibre aspect ratio and the particle 
size distribution of the slurry. Although polymer melts may be die injected 
with fibre loadings of 25 vol % (Hull, 1981) the volume fraction permitted 
with the short fibre MMC material may be lower if an appreciable solid globule 
fraction is required to avoid hot-tearing defects.
The second type of defect is associated with poor die filling; typical defects 
are shown in Figure 7.6. which is an X-ray radiograph showing the unsoundness 
near the pedal end. These defects may arise as a result of the following 
effects;
1) Increased viscosity due to presence of fibres.
2) Premature freezing of material in mould.
3) Premature freezing of material at gates.
One important feature of the die injection process is that the shear 
experienced by the material may lead to a more homogeneous distribution of 
fibres in the structure. This is of interest because billets fabricated by the 
powder processing route are prone to the development of fibre rich and 
depleted zones as described so that the properties of the composite may be 
improved if the fibres become more evenly distributed by the effect of the 
shear experienced during the die-injection process. This is also true for the 
dispersal of any residual oxide films in the structure so that the mechanical
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properties of the casting might be expected to be superior to the properties 
of the billet provided that no severe defects are introduced during die 
injection, and fibre damage is not too severe. The fibres in these die- 
castings were of low aspect ratio because of damage introduced at the cold- 
pressing stage so that it is not easy to draw conclusions concerning the 
extent of fibre damage introduced during injection. However, the structures 
from the die-castings indicate that some fibres survive in the microstructure 
with comparatively high aspect ratios so that damage during injection may not 
be too severe. Measurements of the fibre length distributions in the material 
before and after die-inject ion would be particularly useful here.
7.5 SUMMARY
These experiments have demonstrated that it is possible to die-cast semi-solid 
possible with slurry containing loadings of ceramic fibre, and the die castings 
can be of a quality comparable with the castings produced from unreinforced 
material. Die castings appear to have a more uniform distribution of fibres 
than the parent billets. There does appear to be an extensive processing field 
for die-injection, but the influence of the fibre content and size distribution 
on the injection of semi-solid slurries is not yet clearly understood.
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Chapter 8 
CONCLUSIONS
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8.1 CONCLUSIONS
1) This study has examined the technique of processing metals as semi-solid 
slurries. Deformation of semi-solid material can be uniform, and take place at 
low shear stresses if a degenerate (globular) microstructure is developed.
Such microstructures has previously been generated by modifying the normal 
dendritic solidification morphology, either by generating local shears to 
fragment the dendrite arms, or by coarsening of fine dendritic structures. The 
solidification-shear route for the development of the globular microstructure 
is subject to a number of limitations, and an alternative method has been 
developed which is based on the development of the requisite structures by 
mixing powder compositions, heating into the semi-solid range and hot- 
pressing.
2) It has been shown that this technique offers improved control over the 
structure of the slurry compared to the structures produced by the 
solidification route, with particular reference to the globule size distribution 
which can be tailored directly by selection of powder grades. Billets for die- 
injection may be produced directly by hot-pressing the material in a suitable 
die.
3) An important processing parameter is the fraction solid, which depends on 
the solute partition state. In the powder-based process, the solute 
distribution is controlled by back-diffusion in the solid phase, which depends 
on the powder particle size and the heating rate through a back-dif fusion 
parameter.
a) If the back-dif fusion parameter is small, the characteristic relaxation 
time for the approach to the equilibrium state can be long compared to 
the processing times so that the equilibrium lever rule is abrogated by 
the formation of higher fractions of liquid.
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b) If the back-diffusion parameter is large, the fraction of solid may be 
well described by the equilibrium lever rule although the structure 
becomes more prone to the effects of microstructural coarsening.
c) The behaviour of the system is complex, especially if the particle size 
distribution is wide, and may not be adequately described over the entire 
melting range by analytical expressions. In view of this, numerical 
computation is necessary to explore the behaviour.
d) The extent of the back-diffusion has been modelled using an isothermal 
spherical diffusion model, and the results are broadly consistent with 
composition and thermal measurements.
e) The fraction of solid present at the pressing temperature used in the 
fabrication of material in this study are usually close to the 
equilibrium value.
4) Solute supersaturations may be generated in this type of processing when 
the slurry is reheated for die-inject ion. Intermetallic particles formed from 
impurities present in the constituent particles can provide suitable nucleation 
sites for the formation of liquid inside the solid globules as a result of the 
supersaturation; transformation strains are reduced by plastic relaxation of 
the matrix around the liquid pockets so that they can grow at low 
supersurations. Formation of occluded liquid in this way can increase the 
effective fraction of solid to values higher than the equilibrium value. 
Prealloyed powders may also be processed to generate globular material 
although the fraction of occluded liquid formed in this case is higher,
5) The powder processing route appears to be well suited to the incorporation 
of ceramic fibres or other dispersoids by co-dispersion at the blending stage.
6) Die-castings have been produced from billets produced by the powder route 
with a range of particle sizes and disperoids.
a) Casting structures suggest that there may be some advantages 
resulting from the use of fine «  40 pm diameter) powder since
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there appears to be less macrosegregation, and the fraction of solid 
at the time of injection is more easily controlled,
b) Castings have been produced with up to 10 vol% of short ceramic
fibres, and it is expected that higher loadings can be achieved.
Die cast structures appear to be more homogeneneous than the parent 
billets.
8.2 FURTHER WORK
This study has established a technique for slurry production and processing 
and there is the potential for considerably more research to be undertaken in
this area. While the experimental work reported here has been confined to the
the aluminium-magnesium system, it is expected that the general principles 
outlined will apply to other systems. This means that it should be possible 
to produce die-castings from systems which are not usually regarded as 
casting alloys. In particular, there is the possibilty of selecting the 
process profile to permit the die injection of more refractory alloys at lower 
temperatures by designing a process profile such that the material is cast in 
a state of minimum back-diffusion, so that a relatively high fraction of liquid 
is formed at low temperatures. The demonstration that globular structures 
with comparatively low- levels of entrapped liquid may be formed from atomised 
prealloyed powders also suggests applications for die-injection of non-casting 
alloys. The development of the microstructure in this case requires further 
clarification, particularly in understanding the coarsening of the liquid 
pockets and the reduction in the fraction of occluded liquid.
One obvious omission from the study has been an investigation into the effect 
of the powder oxide films, with particular reference to any deterioration in 
mechanical properties or porosity formation during heat treatment. The effect 
of die-injection on the mechanical properties, also in the context of the 
possible disruption of oxide films during processing requires investigation in 
any further study.
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APPENDIX I: CALCULATION OF Fs vs T CHARACTERISTICS
1) Full equilibrium maintained;
the compositions of solid and liquid are given by the solidus and liquidus 
compositions C»(T) and Ci_(T) respectively. Using the Lever Rule (which 
follows from the mass balance of two components to give some mean 
intermediate composition), the fraction of solid for a composition Co at a 
particular temperature T is
fs = (Ct_(T) - Co)/(Cl.<T) - Cs(T)) tAl.13
This may be formulated in terms of the temperatures Tf the fusion point of the 
solvent, Tl_ the liquidus temperature for Co, and K the partition coefficient so 
that
f„ = <Tl_ - T)/((l-k). (Tf-T)) [A1.23
2) No back diffusion;
i.e. the liquid is at its equilibrium composition but the solid is not. If the 
solid composition is C„ then the fraction of solid in the system is given as
f. = <Ct_ (T) - Co)/(Cl (T) - C.) EA1.3]
As with the previous case, this is expressed in terms of the liquidus 
temperatures of the compositions C» and C0, i.e. T' and Ti_ to give the fraction 
of solid at the temperature T
fs = (Ti_ - T)/((T*-T) EA1.43
This is equivalent to EA1.23 when T* = Tf and k = 0.
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APPENDIX II: CHANGES IN THE VOLUME FRACTION OF THE PRIMARY
PARTICLES
If C* is the mean composition of the compact and fp is the volume fraction of 
the primary powder of composition Cp and the matrix powder has composition Cm 
then
C* = fp.Cp + (l-fp).CM EA2.13
If the matrix powder melts to form a liquid of equilibrium concentration Cl. 
then if it is assumed that no back diffusion of solute takes place, the mass 
balance must then be
C* = fp'.Cp + (l-fp’).Ci_ EA2.23
The reduced volume fraction of the matrix phase fp' is extracted by equating 
EA2.13 and EA2.23 since C* (mean composition) is constant.
fp(Cp-CM) + (Cm -Cl ) = fp’(Cp-Ci.) 
fp' = fp(Cp-CM)/(Cp-CL) + (Cm -Ci_)/(Cp-Cl_) EA2.33
/. Afp/fp = (I-1/fp).(Cm -Cl.)/(Cp—Cl.) EA2.43
Alternatively, the transient fraction of liquid formed is (1-fp') which may be 
deduced from EA2.43 as
ft_' = (l-fp)(CM-Cp)/(G_-Cp) EA2.53
These expressions may also be formulated using the expressions for fp as a 
function of the composition variables. This results in the expression
Afp/fp = E(Cm -Cl ).(C^-Cp )3/E(Cl_-Cp ).(Cm -C=*:)3 EA2.63
fL' = (C*-Cp )/(Cl-Cp ) EA2.73
The value of Afp/fp indicated above is the maximum possible, and is reduced by 
the effect of back diffusion so that the actual value will tend to increase 
towards a limiting value corresponding to the equilibrium lever rule as 
indicated in Appendix I. The limiting (equilibrium lever rule) value of Afp/fp 
in this case is;
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Afp/fp = 1 - [C/*-Ci_>. (Cp-Cm ) ]/[ (C*-Cm ). (C.-CL) ] CA2.8]
This can be greater than or less than zero, according to the particular values 
of C. The approach to this condition and the dependence on the processing 
conditions is discussed in chapter 4.
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APPENDIX III: ESTIMATION OF COARSENING RATES
According to the kinetic analysis of Vorhees and Glicksman <1984) the 
coarsening behaviour may be described by a rate equation of the form
R3 - Ro3 = kt [A3.13
The constant k is a function of material parameters and also depends on the 
volume fraction as indicated in their analysis, which gives;
8YVoCoDi_oc3/9RT (l-fv1 /’3) [A3.23
¥; Surface energy - 0.15 J/m2 Di_; liquid diffusion coefficient = 3 10~3
Vo; molar volume ^1.1 10“5 m3 fv; volume fraction l-*0.6
The term a is the reciprocal of the dimensionless critical radius which
depends on the local volume fraction as follows;
fv a a3/(1-fv1/3)
0 1.0 1.0
0. 1 0.976 1.73
0.2 0.961 2. 14
0.3 0.946 2.56
0.4 0.929 3.04
0.5 0.907 3.62
0.6 0.878 4.32
0.7 0.837 5.23
0.8 0.774 6.47
0.9 0.659 8.29
If the volume fraction of solid during the processing is approximately 0.6, the 
value of a is then 0.878 and the term a3/(l-fv1/3> is 4.32.
Accordingly, k is estimated to be in the region of 8.45 10“19 m3 s_1, 
although this value is prone to considerable uncertainty as a result of
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uncertainties in the data values, with particular reference to the surface 
energy term.
If coarsening is allowed to progress for approximately 5 minutes, which is a 
reasonable estimate for the processing cycle, the change in the mean particle 
size may then be estimated as
R = (Ro3 + 2.52 10“1e)1/3 EA3.33
This is tabulated for different particle sizes as follows;
Hcoar*ened (inn)
2.0 7.0
5.0 7.7
7.5 9.1
10.0 11.0
15.0 15.5
20. 0 20.3
This demonstrates that the fine structures are expected to be relatively 
unstable, whereas distributions with a mean in excess of 20 pm radius do not 
change appreciably. However, these predictions must be approached with 
caution since the analysis is based on a steady state coarsening behaviour 
whereas the real distributions present do not start with the steady-state 
distribution.
These values may be compared with the estimated times for coarsening by 
particle coalescence, for which the neck growth rates are calculated using the 
equation derived by Courtney (1977).
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u = 1.58 tn/s [A3.43
where t' = (2DCoVsi_V0/RT). t/r3 = otc.t/r3 
u; normalised neck size (= x/r) x; neck radius
r; particle radius t; time after particle
t*; dimensionless time contact
Using the property values as indicated above, the value of ac is calculated as
4.4 E-19 so that u can be calculated for various values of t and r. Particle 
coalescence may be assumed to be complete when u = 0.7. Accordingly, the 
coalescence times for different particle sizes are given by t' = 0,017;
Particle 
Radius <pm)
Coalescence 
Time (s)
2.0 0.31
5.0 4.8
10.0 38.4
15.0 130. 0
20.0 307.0
However, it should be noted that the short coalescence times for small particle 
sizes are offset by the very small probability that a contact is formed.
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APPENDIX IV: ESTIMATE OF PRECIPITATE SPACINGS
Precipitate spacings are determined by measurement of a number per unit area 
Na on a polished section to give a mean planar spacing SP. If the precipitate 
distribution is random, then Ha may be related to Nv, which is the mean volume 
spacing as described below.
The number of precipitates appearing per unit area in the plane section 
depends on the number of particles per unit volume and the probability that 
particles in the surface region actually intersect the plane. A particle will 
only intersect the surface if the particle centre lies within ± d/2 of the 
plane of the surface, where d is the particle diameter. This corresponds to 
the number of precipitates lying within a volume equal to d which must be
Nv.d, i.e.
I .................  ' -
i Nv = W d  = l/CSp^ .d) CA4*13
<*. Sv = <FvO-w3 = (SP2.d)1/3 CA4.23
Figure 5.10 shows that Sp is approximately 2,7 pm and d is approximately 0.3 
pm so that Sv is approximately 1.3 pm. It follows that the mean diffusion 
distance is of the order Sv/2 which is 0.65 pm.
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APPENDIX V: PROBABLE VALUE OF SURFACE ENERGY
There seems to be much uncertainty attached to the estimation of the value of 
the solid-liquid surface energy in aluminium. Hucleation experiments indicate 
a probable value of 0.093 J m-2 although it should be recognised that this 
method tends to underestimate the value. Various determinations have been 
reviewed by Eustathopolous (1983) from which the most probable value may be 
taken as 0.15 J m-2. The effect of the solute in the binary system is 
estimated
trsi_ = <rSL.A - [ RTlnXA1- - LfA <(T/Tm )-l) ]/4Q [A5.13
<tsla; interfacial energy of pure A 
9; area of a molar monolayer of A (42 000 m2)
Xa1-; molar fraction of A in liquid at T 
LfA; molar enthalpy of fusion (10.45 kJ/mol)
This gives the following estimated dependence of v for the Al/Mg system -
T/K tr/J m“2
933 0.15
833 0.17
733 0.18
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APPENDIX VI: CALCULATION OF SUPERHEAT REQUIRED FOR
NUCLEATION OF LIQUID
It is generally assumed that the formation of a liquid by surface melting of a
solid is a process which does not require any superheating. Formation of a
nucleus as a small region of the liquid phase implies that two different
interfaces are formed; one is the solid-liquid interface and the other is the
gas-liquid interface.
Experimental observation shows that when a solid and liquid are in contact at 
the melting point, the liquid wets the surface of the solid so that
Yvs y Ysl_ + Yvl_ EA6.13
where these terms refer to the surface energies of the vapour-solid, solid- 
liquid and vapour-liquid interfaces respectively. The presence of liquid thus 
implies a reduction of surface energy. Any marginal rise in temperature above 
the equilibrium melting temperature must therefore lead to a reduction of the 
volume free energy as well as surface energy for the formation of liquid, i.e. 
there is no nucleation barrier to the formation of liquid at the surface.
However, the formation of pockets of liquid in the globule interior as a result 
of a solute supersaturation is not assisted by the presence of an interface, as 
is the case with surface melting and so some nucleation event is necessary.
As with the inverse problem of forming solid by homogeneous nucleation from a 
supercooled melt, formation of a nucleus requires a strong supersaturation to 
reduce the free energy of the critical nucleus.
The role of the solute distribution must be understood in order to make an 
estimate of the superheat or supersaturation required to nucleate liquid by an 
homogeneous nucleation event. If nucleation of liquid takes place at the same 
composition as the solid matrix, the nucleation event would require superheats 
measured relative to the To temperature. A more reasonable assumption is that
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nucleation takes place by composition as well as phase fluctuations which 
allows super-saturations to be measured relative to the solidus (Burke, 1965).
The nucleation barrier is provided by the interfacial energy and any elastic 
strain energy resulting from the increase in free volume as solid is
transformed to liquid in the nucleus. Following the formal theory of
nucleation in a condensed phase it is possible to estimate the superheat or 
solute supersaturation required to cause a given nucleation frequency.
Following the classical theory of nucleation (Christian, 1975) it is possible 
to write the increase of free energy of a nucleus as:
AG = n(gL- - g3 + Ags) + f(rn2/3 CA6.23
n: number of atoms in the nucleus 
gL: Gibbs energy per atom in liquid phase 
gs: Gibbs energy per atom in solid phase 
g«: elastic energy per atom in nucleus 
f: shape factor <r: surface energy
The various terms in this equation may be evaluated for nucleation of liquid in 
Al-10%Mg as follows;
1) Chemical free energy; the chemical free energy available Ag' 
approximately related to the supersaturation AT by
Ag' = (L/T».N).AT 
N: Avogadro Number (6.02 E23 /mol)
L: molar enthalpy of fusion (10.45 kJ/mol)
T.: solidus temperature (615 K (10wt%Mg))
It follows that Ag' = 2.3 E-23.AT J/atom
2) Elastic energy; following Christian, the strain energy per atom of nucleus 
is a function of the shear modulus of the solid matrix and the bulk modulus of
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= <81- 8 s> ^  
[A6.33
the liquid K and the specific volumes of atoms in the solid and liquid phases 
v» and vl. respectively:
Ag. = <2pK/(3K+4p)).(vl— v'^/v1- [A6.43
p: shear modulus of matrix (20 GN m~2)
K: bulk modulus of liquid (50 GN m-2, Mondolfo (1976))
vL(vs): volume per atom in liquid (solid) (1.94 (1.83) E-29 m3)
The misfit parameter correponding to the melting of aluminium would be 
approximately 0.02 since this is the linear equivalent of a 6.5% volume change. 
However, with the Al-Hg alloys examined in this study, the effect of solute 
partitioning must also be included. If the liquation is taking place at 830 K 
we are concerned with the formation of liquid at approximately 16 wt% 
replacing solid at approximately 7 wt% Mg, The ratio of the density of 
Al-7 wt% to that of pure aluminium at the same temperature is estimated to be 
approximately 0.96 (taking into account the increase in lattice parameter as
well as the change in atomic weight) while the ratio of the density of liquid
Al-18 wt% Mg to that of the pure liquid is taken to be approximately 0.92 
(using a linear extrapolation between the densities of liquid aluminium and 
magnesium).
It follows that the ratio of the densities of the solid and the liquid in 
equilibrium is (0.96/0.92).1.06 = 1.109. This is equivalent to a misfit strain 
of 3.5% which is considerably greater than the value for pure aluminium. If 
these values are substituted into CA6.43, the strain energy per atom is
estimated to be approximately 2 10~21 J/atom. (This is slightly higher than
li­
the value predicted by [5.83 because the elastic relaxation is not taken into
into account in this model).
3) Surface energy; the shape factor for a spherical nucleus is
f = (6tt*vi_)2'3 [A6.53
A value for the interfacial energy of 0.15 J m-s> is assumed.
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The free energy of a cluster of atoms is seen to increase for small values of 
n until it reaches a maximum value corresponding to the formation of a 
critical nucleus. Setting dAG/dn = 0 for a nucleus in the critical state leads 
to the extraction of the following terms for the free energy and number of 
atoms in the critical nucleus;
AGC - f y v W ^ t e g '  + Ag.)2 EA6.63
nc = (2fo7 (3 (Ag1 + Ag.))3 [A6.73
A nucleus of critical size is in a state of metastable equilibrium so that 
nuclei will be prone to decrease their total free energy by either growth or 
melting from this point. In the Becker-Doring theory, it is assumed that there 
exists a quasi-steady size distribution in which the probability density of 
particular nucleus sizes p(n) is determined by the free energy of formation 
according to
p(n) = exp <-AG(n)/kT) [A6.83
The nucleation rate is then determined by the growth of subcritical nuclei by
a large number of small size fluctuations. The rate of size fluctuations may 
then be extracted using kinetic equations to give an expression for the 
magnitude of the volume nucleation rate as
I = Nv. (kT/h) .exp{(-AGc + Ag.s)/kT) CA6.93
number of atoms per unit volume 
Ag«g: free energy of activation across the interface
Turnbull took the term Ag«g as the activation energy for viscous flow and this 
allows the nucleation rate to be estimated as
I = 1033.exp(-AGc/kT) LA6.103
While there is considerable uncertainty attached to the value of the 
pre-exponential term (between two and four orders of magnitude according to 
Christian), the exponential term varies so strongly with AGC (and hence AT) 
tliat these uncertanties do not make much difference to.the calculated 
supersaturations required for a given nucleation rate. Accordingly, the energy
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of the critical nucleus required to cause a measurable nucleation rate in the 
present problem (taken as lO12 m-3 s-1 or 1 000 per mm per second) is
AGC = 62 kT = 7.1 E-19 J
If this value is sustituted into CA6.63, the term (Ag'+Ag«) is evaluated as 
5.46 E-21 J. From IA6.33 and LA6.43 it may be seen that the driving force 
required for the homogeneous nucleation of liquid droplets inside a solid is of 
the order of 350 K. The contribution of the strain energy to this is of the 
order of 90 K.
Hucleation of Liquid on Dislocations
Some other mechanism for the nucleation of the liquid pockets is required in 
view of the high superheats required for homogeneous nucleation. Hucleation on 
dislocations can frequently reduce the critical energy of the nucleus to a
i
significant extent. A theory for nucleation on dislocations has been given by 
Cahn (1964) in which the expression for the energy of a nucleus includes a 
term for the strain energy of the dislocation in the region occupied by the 
new phase. The decrease in strain energy of the dislocation as the nucleus is 
formed is a stabilising influence which acts to assist the nucleation process. 
Another effect which must influence the nucleation behaviour is the tendency 
for local solute concentrations to be increased as a result of the interactions 
of the solute atoms with the strain field associated with the edge 
dislocations.
Considering the nucleus as a cylinder or radius r centred on the dislocation, 
the change in free energy per unit length when the nucleus is formed is
AG = mr2Ag + Ci2  - (pb2/4x) .lnr + CA6.113
Ci2 : dislocation core energy 
p: shear modulus
b: Burgers vector for dislocation
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As before, Ag includes the chemical free energy and a strain energy term. The 
total energy of the nucleus is calculated by integrating over the effective 
size and shape corresponding to a saddle point in the energy change for the 
whole dislocation. There are now two negative energy terms relating to the 
formation of the nucleus; the chemical energy term dominating at large values 
of r and the dislocation energy which is most significant at small radii. The 
behaviour of AG at intermediate radii is determined by the term
a = Ag.pb2/<27i2<r2V1-) [A6.123
If this term is less than 1, then there is a maximum in AG and hence an 
energy barrier to the nucleation process. This barrier decreases as a. 
approaches 1 and finally disappears when a. > 1.
The nucleation rate per unit volume is then calculated as before;
I = HLd<kT/h).exp{-(AGc + Ag*u)/kT> [A6.133
H: number of atoms per unit volume La: dislocation density
The volume nucleation rate varies linearly with the dislocation density; for 
typical values of 1 E12 m*"1, the nucleation rate is only appreciable 
(i.e. approximately 1 E6 m s-1) when a is in the range 0.4 - 0.7, This allows 
Ag and hence AT to be estimated as before. Setting a to 0.5 gives;
Ag = 2rc2<r2vl-(x/pb;2 = 2.03 E-21 J [A6.143
Taking into account the strain energy as before, this corresponds to a 
superheat of approximately 180 K. Hucleation on dislocations is therefore not 
a viable mechanism for liquid formation.
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APPENDIX VII: PROGRAM LISTING FOR BACK DIFFUSION CALCULATION
10 REM Program for calculation of back-diffusion rates 
20 PROCinputdata 
30 DIM C <Nend% + 1)
40 PROCsystemdata 
50 PROCcompletedata 
60 PROCfinalstate 
70 PROCprint 
80 MODE1
90 REM Program Loop
100 REPEAT
110 time=time+deltat
120 C(0)=C(1): Cold=C(0): bcksol=0
130 FOR H%=1 TO Nsend%
140 R= <N%-l/2)*deltaR
150 dCdR= (C(N%+l)-Cold)/ (2-tdeltaR)
160 d2Cdr2= (C <N%+1)+Cold-2*C (N%)) /deltaRt2 
170 deltaC=deltat*D* <d2CdR2+2*dCdR/R)
180 R=(N%-l/2)*deltaR 
190 Cold=C(N%)
200 C(N%)=C<N%>+deltaC
210 V=4*PI*deltaR) t3* (N%t3- (N%-1>t3)/3: bcksol=bcksol+deltaC*V 
220 NEXT
230 PROCmoveinterface 
240 PROCoutput 
250 UNTIL FALSE 
260 END
270 DEFPROCsystemdata
280 Tf=933:ms=216/0.17: mL=216/0.35: TE=723: D0=6.11 E-5;Q=126200 
290 ENDPROC
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300 DEFPROCinputdata
310 PRINT "Defaultdata? <Y/N)": IF GET$=MY, PROCdefaultata:ENDPROC 
320 INPUT "Temperature (K)",T
330 INPUT "Radius of Primary Particle (m)",Rinner
340 INPUT "Composition of Primary Particle (mass fraction Mg)",Cp
350 INPUT "Composition of Matrix Phase (mass fraction Mg)",Cm
360 INPUT "Volume fraction of Matrix Phase" ,fL
370 INPUT "Number of Volume Elements" ,Nend%
380 ENDPROC
390 DEFPROCdefaultdata
400 T=750: Rinner=lE-4: Cs=0: CL=0.5: Nend%=60 
410 ENDPROC
420 DEFPROCcompletedata 
430 D=D0*EXP(-Q/(8.314*T))
440 Csldus= (Tf-T)/ms 
450 Clqdus=(Tf-T)/mL 
460 fP=l-fL
470 Router=Rinner/(1-fL)t(1/3)
480 deltaR=Router/Nend%
490 deltat=deltaRt2/(2*D)
500 Rinsat=Rinner* ((Clqdus-Cp*fP-Cm*fL) / (fP* (Clqdus-Cp))) t (1 /3)
510 Nsend%=Rinsat/deltaR 
520 FOR N%=1 TO Nsend%
530 C(N%)=Cp
540 NEXT
550 ENDPROC
560 DEFPROCfinalstate
570 Cav=(Cpt(l-fP)+Cm*fp)
580 Rfinal=Rinner*((Cav-Clqdus)*((Cp-Cm)/(Cav-Cm)*(Csldus-Clqdus)))t(1/3) 
590 ENDPROC
600 DEFPROCmovein ter face 
610 bcKsol=bcksol-V*deltaC
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620 dRstar=bcksol/ (4*PI*Rinnert2* (Clqdus-Csldus)
630 Rstar=Rstar+dRstar 
640 decR=R=decR+dRstar
650 If decR>deltaR Rinner THEN Rinner=Rinner+deltaR: Nsend%+Nsend%+1: 
C(Nsend%=Csldus: decR=0 
660 ENDPROC 
670 DEFPROCmeancomp 
680 sumc=0
690 FOR 5=1 TO Nsend%
700 sumC=sumC+C(N)*(Nt3-(N-l)t3>)
710 NEXT
720 Cmean=sumC/NendT3
730 fs= (Clqdus-Csldus)/(Clqdus-Cmean)
740 ENDPROC 
750 DEFPROCprint
760 PRINT "PRIMARY POWDER COMPOS IT ION ;";Cp
770 PRINT "MATRIX POWDER COMPOSITION;"; Cm
780 PRINT "MEAN COMPOS IT ION ;";Cav
790 PRINT "FINAL SOLID COMPOS IT ION ;";Csldus
800 PRINT "Rinner;" ;Rinner:PRINT " Rinsat;";Rinsat
810 PRINT "Rfinal";Rfinal
820 ENDPROC
830 DEFPROCoutput
840 PROCmeancomp
850 PRINT "TIME"; time
860 PRINT "KEAN COMPOSITION (mass fraction)";Cmean 
870 PRINT "FRACTION SOLID";fs 
880 ENDPROC
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TABLES
TABLE I: CONSTITUTION OF BILLETS
Billet
Preform
number
porosity
Globule powder Matrix powder Dispersoid
(%)CP
(wt%Hg)
dp
(pm)
dm*
(pm)
f p> 
(%)
Cm
(wt%Hg)
dm
(pm)
fd
(%)
type size
(pm)
fraction 
(wt %)
1 0 80 100 60 50 150 40 - - - -
2 0 80 100 60 50 150 40 - - - -
3 0 80 100 60 50 150 40 - - - -
10 0 80 90 60 50 150 20 - - - -
16 0 40 100 80 50 150 20 - - - 17
17 0 200 500 80 50 150 20 - - - 15
19 0 40 150 80 50 80 20 - - - 16
21 0 40 100 80 50 150 20 - - - 17.5
46 0 10 15 80 50 80 20 - - - 15
39 10 40 100 100 - - - - - - 18
20 0 40 75 80 50 150 20 b 100 10 -
22 0 40 75 80 50 150 20 b 100 10 -
23 0 40 75 80 50 150 20 f 20 5 -
30 0 40 75 80 50 150 20 f 20 5 -
35 0 40 75 80 50 150 20 f 20 5 -
31 0 40 75 80 50 150 20 f 20 10 -
32 0 40 75 80 50 150 20 f 20 10 -
36 0 40 75 80 50 150 20 f 20 10 -
33 0 40 75 80 50 150 20 f 20 15 -
34 0 40 75 80 50 150 20 f 20 15 -
37 0 40 75 80 50 150 20 f 20 15 -
CP; primary powder composition fP; fraction of primary powder
dP; mean primary globule diameter Cm*, matrix powder composition
d„; size of matrix powder fm; fraction of matrix powder
dm*; maximum globule diameter b; ballotini f; fibres
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12
3
10
16
17
19
21
46
39
20
22
23
30
35
31
32
36
33
34
37
HT1
HT2
HT3
HT4
TABLE II: THERMAL DATA
Preheat
temperature dwell Tine 
<K> (mins)
Reheat
temperature
(K)
dwell time 
(mins)
billet
density
(g/cm3)
753
753
753
753
835
833
840
833
633
833
20
20
20
3
10
25
10
15
5
10
750
745
778
852
849.5
851 
847
852 
855
40
36
33
2. 0 
2.0 
2.0 
2. 0 
3.5 
3.2
2.55 
2.59
2.58
2.59
2.56
2.56
863*
835
859
862
3.5
1.8
2.70
2.63
843
839
835
12
5
4
845
893
844
2.0
2.3
3.5
2.59
2.58
833
833
838
866
857
849.5
4. 0 
3.0 
3.5
2.62
2.62
2.61
833
833
838
864
887
854
3.5 
5.0
3.5
2.65
2.69
2.62
847
847
847
847
11
11
11
11
818
838
848
861
0.8 
0.8 
0. 8 
0.8
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TABLE III CASTING DATA
Billet
number
Estimated fraction solid
slurry dispersoid total
Injection Gate Commments on
pressure velocity cavity fill 
(MPa) * (m/s)
0.5
0.52
0.45
0.5
0.52
0.45
12
12
12.5
36
10
good
16
17
19
21
46
39
0.47
0.52
0.52
0.55
0.46
0.45
0.47
0.52
0.52
0.55
0.46
0.45
8.5
12.5*
10
10
11.5
10
31
18
21
15
23
27
good
poor
fair
poor
fair
good
20
22
0,39
0.35
0. 1 
0.1
0.49
0.45 10 23
no fill 
fair
23
30
35
0.57
0
0.58
0. 03 
0.03 
0. 03
0.60 
0. 03 
0.61
10.5
11.5 
10
12
12
42
fair
stuck in die 
no fill
31
32 
36
0.28
0.42
0.52
0.07
0.07
0.07
0.35
0.49
0.59
9.5
11.5
10
33
18
25
fair
good
poor
33
34 
37
0.31
0
0.46
0.1 
0.1 
0. 1
0.41
0.03
0.46
9.5
10
28
23
good fill 
fragmented 
no fill
LI
L2
L3
8.5
12
16
83 [ cracked on
73 C ejection from
73 [ die
* nominal pressure on charge
TABLE IV : MATRIX COMPOSITION PROFILES NEAR GLOBULES
Composition profile measurement in matrix near precipitate in specimen HT3 
determined by TEM microanalysis.(using a Phillips 400T microscope with Link 
analyser unit).
MATRIX ANALYSIS
Reference Estimated distance Mg conc.
from precipitate
(pm) (wt%)
0.06 14. 0
0.06 14.2
0.16 13.2
0.24 12.0
0.48 8,3
Cl] 0.60 6.2
1.20 5.1
0.1 11.8
0.3 10.6
0.6 6.9
1.5 4.9
3.0 4.6
0.06 10.42
0.4 5.73
1.0 4.6
0.06 17.0
[23 0.4 13.2
0.8 10. 0
0.2 15.7
[33 0.6 8.3
1.0 4.9
C 4] region between precipitates 17.5
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TABLE V: PRECIPITATE ANALYSIS
At% Aluminium At%Fe At%Kg Ratio Al:Fe
80.2 17.2 2.9 4.7
C 53 80.1 18.0 1.3 4.5
80.9 17.6 1.46 4.6
79.8 18.1 1.7 4.4
80.25 17.7 1.8 4.55 Mean
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Figure 2.6
Increase in apparent viscosity 
with fraction solid for Sn-15%Pb 
slurries (Spencer et al, 1972) \
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Figure 2.5
Apparent yield point for Sn-15% Pb 
dendritic structures in semi-solid 
range (Spencer et al, 1972)
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Fig 2.7
Pseudoplastic behaviour of Sn-15% Pb 
alloy slurries (From Joly, 1976)
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Figure 2.8
Summary of rheological behaviour over an 
extended range of shear rates (Laxmanan, 1980)
High shear rate data obtained from rheocast slurries 
Low shear rate data from remelted slurries
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Figure 2.9
Stress against strain for dendritic and non-dendritic 
Sn-15% Pb structures (Seconde and Suery, 1984)
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Figure 2.10
Effect of coarsening on effective fraction of 
liquid for fine Sn-15% Pb dendritic structures 
(Seconde and Suery, 1984)
Phase diagram Thermal proFiles
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liquidus
solidus
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Composition proFile
liquid solid
Figure 2.11
Development of constitutional superheating.
This can arise near a melting interface where the solute profile 
developed leads to significant local variation of the solidus 
temperature. If the thermal gradient in thq solid g» is shallow, 
the superheated zone can be wide. Constitutional superheating is a 
necessary, but not sufficient condition for the destabilization of 
the melting interface.
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Figure 2.12
Thermomechanical process for the development of fine 
globular semi-solid structures (K.P.Young, 1983)
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Figure 2.13
Variation of coarsening rate constant with volume 
fraction of solid in liquid phase sintered Fe-Cu structures 
(Vorhees and Glicksman, 1984)
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Figure 2.14 (b)
Kicrostructure maps indicating (a) mode of structural development 
and (b) dominant coarsening mechanism in liquid phase sintered 
structures (Courtney, 1977)
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Ohnesorge curve describing jet flow inodes 
(Hong et al, 1978)
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Figure 2.16
Schematic plot of Ve and Re for die injection. The increased 
viscosity of the slurry relative to the liquid brings the curve into 
the optimal regime for die injection.
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Figure 2.17 (a)
Reduction of maximum die-face temperature 
with injection of semi-solid slurry
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Figure 2.17 (b)
Variation of the reduction in maximum die-face heating 
rate with fraction of solid in slurry (Young, 1977).
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Figure 3.1
Stir-casting machine; detail of crucible assembly
20 mm
Figure 3.2
Morphology of stir-cast material produced
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Figure 3.3 (a) Figure 3.3 <b)
Structure of stir-cast Al-4% Si Structure of stir-cast Al-10%Ci
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Figure 4.1.
Example of powder process; a powder compact with mean composition C* 
(consisting of powder compositions CP and Cm) is heated into the semi­
solid range prior to hot-pressing.
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Figure 4.2
Fraction solid vs temperature curves for extreme limits 
of solute partition state, corresponding to a) equilibrium and 
b) zero back-diffusion, c) Scheil type segregation pattern
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Figure 4.3
Typical powder size distribution for primary powder
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Figure 4.4(a) Figure 4.4(b)
Morphology of air atomised powder Morphology of inert
gas atomised powder
10 pm 1--•
10 pm
Figure 4.4(c)
Morphology of matrix (Al-Mg 50%) powder
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Figure 4.5
Cold-pressing die-configuration
Figure 4.6 (overleaf) Top; cold-pressed billets - 
centre; die insert - bottom; hot pressed billets
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Typical heating profile
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Figure 4.9
Hot-pressing die assembly
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Figure 4.10(a)
Cold-pressed powder structure 
(billet 16)
Figure 4.10(b)
Billet structure prior 
hot-pressing (billet 16)
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10 pm *■---—*
Figure 4.11 (b)
Typical etructure of hot-pressed billet ($f2 16). Darker regions in (a) 
correspond to solute rich regions corresponding to the sites of the Al-Mg 
particles.
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Figure 4.11 (c)
Segregation in billet hot-pressed 
with high liquid fraction (52 10)
50 pm •----
Figure 4.11(d)
Oxide films in a structure exposed to air during preheating.
The material has been overheated (Billet 52 2).
The globular structure has been destroyed by excessive melting.
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Figure 4.12 (a)
Coarsening in fine structures 
during processing (52 46)
Figure 4.12 (b) 10 pm '--•
Globule coalescence in reheated 
material (HT1)
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Figure 4.13(a)
Structure of pre-alioyed gas atomised Al-10% Mg powder
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Figure 4.13(b) 100 Mm
Structural developmerxt in Al-10% Mg powder exposed 
to supersolidus sintering for 1 minute (788K)
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Figure 5.1
Effect of solute partition in solidification
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Figure 5.2
Changes in fraction solid on isothermal holding of globules
- 244 -
5000
3000
T=750 K, C=0.2
2000
1000 -
T=823 K, C=0.1
2001000
d (um)
Figure 5.3
Variation of relaxation time with globule size 
(numerical prediction)
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Figure 5.4
Experimentally determined globule composition measurements 
(Microprobe analaysis giving minimum interior composition).
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Figure 5.5
Typical DSC trace characteristic of powder processing at 
different heating rates
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Figure 5.6
Variation of mean solid composition with temperature 
during processing (deduced from Figure 5,5)
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Figure 5.8
Absence of features on hot-pressed billet (H2 16)
Figure 5.9 Figure 5.10
Dendritic material in SEM micrograph of polished
castings (H2 16) and etched powder section.
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Figure 5.11
Development of solute supersaturation. Solute has diffused into 
the globule during the preheat treatment prior to hot pressing; 
(solid line). As the billet is reheated to higher temperatures 
for, die-injection the globule interior experiences a super - 
saturation. If the solute cannot diffuse to the globule surface, 
the supersaturation is likely to result in the formation of liquid 
pockets in the interior.
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Figure 5.12(a)
Structure of globular material reheated to Tp, (833 K)
Figure 5. 12 (b) ^  ^
Structure of globular material reheated to 848 K (HT3)
- 250 -
Figure 5.13(a) Figure 5.13(b)
TEM micrographs of resolidified pocket; this shows the particle 
nucleus and high dislocation densities in the surrounding matrix.
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Figure 5.13 (c)
Concentration profile in pocket (resolidified material). The concentration 
spike is caused by ordinary Scheil-type segregation during freezing.
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Figure 5.14
Plastic relaxation of transformation stress 
(Lee et al)
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Estimated effective fraction solid vs temperature 
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Figure 6.1 (a)
125 Ton "Fed Ring" Die Injection Machine (Fulmer Research Ltd)
A
50 mm v 1
Figure 6.1 (b)
Bicycle spider-crank die-casting 
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Die-casting structures revealed by (a) anodising and observing with 
arized light (b) etching with dilute Kellers etch and (c) Nomarski 
erference microscopy. Colour contrast in anodised sections indicates 
grain boundaries which are not revealed by the other methods.
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Correlation between gate velocity and 
fraction solid during die-injection
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Figure 6.5
Duplex structure delineating solid 
present at time of quench
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Die-casting structures (52 16),
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Figure 6.6(c) Figure 6.6(d)
Die-casting structures (52 46)
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Figure 6.6(e) Figure 6.6(f)
Die-casting structures from pre-alioyed powder (52 39).
- 257 -
Figure 6. 7
Exudation of liquid from surface 
of reheated billet (52 16)
Figure 6.9(a)
Segregation of liquid at surface 
(a) casting with high liquid 
fraction (52 39)
Figure 6.9(b) iuu pm i—
Segregation at casting surface 
(b) fine structure (52 46).
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Figure 7. 1
SEM of fibres extracted from co-dispersed 
slurry of fibres and power
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Fibres in die casting (after cold pressing)
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Figure 7.3
Layered structure in hot-pressed
billet. Consolidation without cold-pressing.
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Processing field for die-injection 
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Fracture surface showing hot tears
(52 30)
Figure 7.5(b) '
Ductile fracture surface
(52 SZy)
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Figure 7.6
X-ray radiograph showing characteristic 
casting defects near pedal end of casting.
(52 32.)
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List of symbols used (experimental chapters only)
a radius of liquid pocket P 145
b Burgers vector of dislocation P 200
C specific heat capacity P 131
C concentration P 128
Ci a dislocation core energy P 200
Cl. liquidus composition P 114
Cm matrix powder composition P 114
Cf- primary powder composition P 114
Cs solidus composition P 128
Cs' mean solid composition P 132
c* mean composition of billet P 114
d skin depth P 112
d precipitate diameter P 194
D density P 159
D hydraulic diameter of gate P 166
D self diffusion coefficient P 121
D solute diffusivity P 128
Do diffusion coefficient preexponential P 128
D« solute diffusivity in solid P 118
f shape factor P 197
f excitation frequency P 112
fc crystallographic factor P 121
fo Debye frequency in liquid P 121
f ' l_ transient fraction of liquid formed P 115
fraction of liquid present P 119
AfP change in volume fraction of primary material P 114
fP volume fraction of primary material P 114
fraction of solid P 132
AG free energy of a nucleus P 197
agc free energy of critical nucleus P 199
AGo activation energy for diffusion P 121
SI­ Gibbs energy per atom in liquid P 197
S’* Gibbs energy per atom in solid P 197
Ag*. elastic energy per atom in nucleus P 197
k distribution coefficient P 125
kc coalescence coarsening constant P 116
ko Ostwald coarsening constant P 116
K liquid bulk modulus P 145
L latent heat of fusion P 145
L2 dimension of diffusion field P 118
n number of atoms in nucleus P 197
nc number of atoms in critical nucleus P 199
I element number P 129
Ha number of precipitate particles per unit area P 194
Hv number of precipitate particles per unit volume P 194
P pressure in liquid pocket P 145
pc coalescence probability P 116
Q activation energy for diffusion P 128
r matrix radius P 144
rP radius of plastic zone P 145
AR discretization interval P 129
Re Reynolds Humber p 166
R radius p 128
r * globule radius p 128
sP mean planar spacing of precipitates p 194
mean spacing of precipitates p 194
At time increment p 129
t* dimensionless time p 193
'j'* temperature for onset of net supersaturation p 136
u dimensionless neck size p 193
V gate velocity p 164
We Weber Humber p 166
X diffusion distance p 149
z position in gate p 165
oc function of Poisson Ratio p 144
a back-diffusion number p 118
0 elastic parameter p 144
0* elastic parameter for relaxed pocket p 145
e shear at gate p 164
€ misfit strain p 144
Y bulk modulus ratio p 144
Y s l . solid-liquid surface energy p 116
Y q b grain boundary energy p 116
V v a solid-vapour surface energy p 196
X mean interatomic distance in liquid p 121
Q monolayer width p 121
e gate taper angle p 164
p resistivity p 112
p density p 166
shear modulus of matrix p 144
viscosity of slurry p 166
relative permeability p 112
e maximum grain boundary misorientation p 116
O' r radial stress component p 144
O'© circumferential stress component p 144
O'y yield stress p 145
O' surface energy p 166
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A powder-based approach to semisolid 
processing of metals for fabrication of 
die-castings and composites
R. M . K. Y O U N G ,  T.  W .  C L Y N E *
Department of Materials Science and Engineering, University of Surrey, Guildford, Surrey, UK
A technique is presented for the generation of a globular (non-dendritic) array of solid frag­
ments surrounded by a solute-enriched liquid. This is based on the premixing, heat treatment 
and consolidation of different types of powder. The resultant slurries have then been injected 
into a die at high velocity. The technique offers promise in terms of the versatility w ith which  
the slurry microstructure can be controlled and the soundness of the resulting die-castings has 
been encouraging. Among the effects investigated are the role of solute diffusion, the import­
ance of globule size and the nature of coarsening phenomena. Experiments have also been 
carried out on the incorporation of ceramic fibres into the product and this appears to offer 
promise as a composite fabrication route. The work described here concerns only aluminium- 
base material alloyed with magnesium, although the principles outlined are expected to apply 
to many other systems.
Nom enclature
Parameters 
C
d (m)
D (m2sec~')
/ 
k
L (m)
Q (J mol-1) 
r (m)
R ( J K -Im o l _1)
Re
t (sec)
T( K) 
u (m sec 1)
We
composition (mass fraction)
diameter
diffusivity
volume fraction
partition coefficient
characteristic length
activation energy
radius
gas constant 
Reynolds number 
time
temperature 
fluid velocity 
Weber number
ix (Pa sec) 
Q (kgm-3) 
cr (Jm-2)
aspect ratio 
dynamic viscosity 
density
surface tension
1. Introduction
1.1. Concepts and objectives
The processing of metals while in the form of a mixture 
of liquid and solid phases is of considerable current 
interest. This can to some extent be traced to the work 
of Flemings and co-workers [1-4] in the 1970s, when 
the term “rheocasting” was coined for a technique in 
which local shear forces are maintained within a body 
of solidifying liquid. This can continuously disrupt the 
growing dendrite array to such an extent that the 
resultant structure is composed of isolated “globules” 
of primary solid (surrounded by the solute-rich material 
corresponding to the residual liquid), rather than the 
normal interlocking network of a branched dendritic 
morphology.
Characterization of the rheological behaviour of 
such a material when semisolid continues to receive 
considerable attention [5-8]. The globular material will 
flow as a rather viscous slurry under the influence of
Subscripts 
d dispersoid 
f fusion point 
g globule 
L liquidus 
m  matrix 
r relaxation 
s solid 
S solidus
* solid/liquid interface
appropriate shear stresses. This can be exploited with 
a volume fraction of solid around, say, 50%, for which 
the corresponding normal dendritic material would 
probably remain rigid until a stress were reached at 
which gross defects would be generated. This feature 
offers potential for processing techniques in which a 
body of semisolid globular material is made to undergo 
a selected change of shape; this is particularly attract­
ive in view of the fact that the solute distribution can 
be tailored so that the globular state is recreated from 
the fully solidified structure by simply reheating to an 
appropriate temperature.
One of the most promising areas of application is in 
pressure die-casting [4, 7, 9-11], in which the charge is 
injected at high velocity (primarily to inhibit premature 
solidification). As a result of the low viscosity of liquid 
metals (typically about the same as that of water), 
such material enters the die cavity in a highly turbulent 
manner, frequently involving break-up of the stream
* Present address: Department o f Metallurgy and Materials Science, Pembroke Street, Cambridge, UK.
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air, causing internal porosity and a poor surlace finish, 
problems which have effectively limited the market for 
die-castings. Replacement of the liquid charge by a 
semisolid slurry can result in progressive, controlled 
filling of the die. Among other important advantages 
offered by the slurry route are reduced thermal shock 
to the die [4,7] and a smaller contraction (contributing 
to the reduction in porosity). Such points have been 
recognized for some time and have been summarized 
by Brook [9].
1.2. Rheology
It is well established that the viscosity of globular 
metallic slurries is dependent on the strain rate; i.e. 
they are non-Newtonian fluids. Fig. 1 shows schematic 
variations of shear stress as a function of the strain 
rate, for different categories of fluid. (The dynamic 
viscosity is given by the gradient of such a plot.) In 
addition to a possible dependence on strain rate, the 
viscosity of a fluid may decrease (thixotropic) or 
increase (rheopeptic) with time under steady con­
ditions [12], as a result of microstructural changes. 
The term “thixocasting” has been rather loosely 
applied to die injection of a metallic slurry (formed by 
reheating a rheocast structure), the terminology arising 
from the idea of the slurry exhibiting a decrease in 
viscosity on processing. This is somewhat misleading, 
as there is no time dependence to the viscosity during 
the process (which is a very rapid one), but rather a 
sharp drop as the high shear stresses are generated*. It 
is clear from Fig. 1 that these metallic slurries are 
more properly regarded as pseudoplastic Bingham 
fluids.
An attempt at (semi-quantitative) correlation of 
these features with the operating conditions is shown 
in Fig. 2. The applied (inertial) force is considered as 
a ratio to the viscous (damping) force and as a ratio to 
the surface tension force. These two ratios correspond 
to the Reynolds number, Re, and the Weber number, 
We, respectively:
L uq
Re = (1)
Metallic
Slurry
Bingham
Fluidcoco
co
Newtonian
Fluid
LU
co
Dilatant
Fluid
STRAIN RATE
Figure 1 Schematic plots of shear stress against shear strain rate for 
different types o f fluid.
We
inert ial\
sing
Figure 2 Illustrative plot showing the variation of parameters 
characterizing the surface tension (We) and viscous drag (Re) with 
changing fluid velocity, for a typical metallic liquid and semisolid 
(globular) slurry. Also shown are approximate regimes of these 
parameters for which various problems associated with die casting 
might occur.
We =
L u2q
(2)
where L is a characteristic length, u is the fluid velocity, 
q  is the fluid density, fx is the dynamic viscosity and a  is 
the surface tension. An increase in applied stress during 
injection will raise both of these numbers. For a 
Newtonian fluid, these increases will be solely due to the 
higher value of u and the operating point on this plot 
will move in a linear fashion, with a gradient of 2. The 
problem caused by low viscosity is manifest as a high Re 
for all practicable injection velocities (which might 
range upwards from several msec-1).
For a non-Newtonian fluid, on the other hand, the 
effect of an increase in injection velocity is compounded 
by the associated change in viscosity. Unfortunately, 
the strain rate regime of interest is one in which it is 
difficult to measure the viscosity and the exact position 
of the curve for the slurry is open to speculation. Vis­
cosity measurements have been made [5, 13, 14] for 
shear strain rates up to several hundred sec-1, but die 
injection might involve a figure of perhaps 103 to 
104sec-1. In view of this, one might justifiably refer to 
an “impact viscosity” which, while probably amenable 
to extrapolative estimation, should be identified as dif­
fering from that obtained by conventional measure­
ment. In any event, there is no doubt that the curve is 
shifted to lower Reynolds number relative to that of the 
liquid and the existence of an optimal fluid dynamics 
operating regime (which is approached by moving in 
this direction) seems clear.
1.3. Microstructure
Clearly, one expects the viscosity to increase with 
increasing fraction of solid; Joly and Mehrabian [13] 
have highlighted the role of entrapped liquid in tending 
to raise the viscosity by increasing the effective value of
*A time dependence does, however, tend to arise during rheocasting, although this is often manifest as an increase in viscosity and 
indiscriminate use o f the word “thixotropy” in this context can cause further confusion. In fact usage o f the word to describe various 
non-Newtonian effects has expanded to the point where its definition may be considered to be in some doubt.
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upper limit on the viscosity, such entrapment is gener­
ally undesirable. It should also be recognized that 
globules in a metallic slurry tend to interact with each 
other and thus exhibit higher viscosities (relative to the 
base liquid) than suspensions of non-interacting 
spheres at the same fraction solid [13]. Furthermore, 
assemblies o f metallic globules are prone to agglomer­
ate by contact welding, raising the effective fraction of 
solid and thus increasing the viscosity. This is progress­
ive and the time dependence can give rise to rheopeptic 
behaviour during prolonged semisolid processing.
There have also been suggestions [13] that viscosity 
rises with increasing globule size, possibly as a result of 
the greater momentum transfer during collisions [15]. 
However, it should be noted that experimental support 
for this (from rheocasting data) is inconclusive in that, 
although low viscosity and fine globule size tend to 
occur in tandem, the latter could be a side-effect o f the 
higher shearing forces, which are acting to reduce the 
viscosity primarily by preventing agglomeration (liquid 
entrapment) and by minimizing globule interactions. 
Certainly, theoretical analysis [16] suggests no such 
dependence on absolute size per se, although aggre­
gation, size distribution and particle aspect ratio are 
all predicted to have significant effects, at least for 
Newtonian suspensions. Such treatments do not, how­
ever, take account of geometrical constraints, such as 
the size of an orifice the slurry is to pass through, or the 
dimensions of a re-entrant it is to penetrate. Globule 
size will probably be important if it is not very much 
smaller than the scale of such environments and this 
could be a point of practical significance.
1.4. Diffusional effects
Solute redistribution occurs both as solid/liquid par­
titioning and as back-diffusion in the solid. (The com­
position is normally uniform at all times in all o f the 
liquid.) This can affect the slurry behaviour via an 
influence on the fraction of solid and the globule 
characteristics. This has been emphasized previously 
[17, 18] and, indeed, a process has been proposed [19] in 
which solidification is controlled entirely by back- 
diffusion. This affects the fraction of solid (after the 
setting up of interfacial equilibrium at a given tempera­
ture) by tending to lower (for k < 1) the interfacial 
solid composition and thus to provoke further solidifi­
cation to maintain equilibrium at the interface.
It has been common [1, 13, 20] to assume that, for a 
binary alloy system with linear liquidus and solidus 
lines, the fraction o f solid ( / s) during slurry production 
and processing can be related to the temperature via the 
Scheil equation (based on negligible back-diffusion)
(nn   'y \ 1/(^ — 0
J^(3)
where k is the partition coefficient, T( is the solvent 
fusion point and TL is the liquidus temperature. 
Although this constitutes a good approximation for 
normal solidification with a substitutional solute, devi­
ations are expected here for at least two reasons. Firstly, 
the Scheil assumption of no back-diffusion is valid over
0 ----iv/. Viiiiuoxvny 11WI 111C4.11 J lV^ ClSUd IU V^ WCil
spacings (i.e. greater diffusion distances): the corre­
lation between cooling rate and spacing is abrogated for 
slurries, when an extended period in the semisolid 
regime can occur in combination with a relatively fine 
globule size. Secondly, the Scheil assumption of a plate­
like morphology is clearly invalid for slurries, where a 
spherically symmetrical model would be more appro­
priate.
Both of these factors tend to enhance the signifiance 
of back-diffusion. Use o f the equation of Brody and 
Flemings [21] leads to inconsistencies for extensive 
back-diffusion and, although the equation of Clyne and 
Kurz [22] behaves correctly in this limit, it is generally 
preferable to develop a numerical model, allowing free­
dom to specify geometry, thermal history and material 
properties. A number o f workers have recognized this, 
although there is still a shortage of good theoretical and 
experimental data in the literature.
1.5. Production
The “standard” methods of producing a globular 
metallic slurry remain centred around the idea of 
introducing mechanical shear stresses during solidi­
fication, usually by means of some form o f rotary 
motion. The process has been extensively analysed 
[13, 20, 23, 24] and considerable engineering expertise 
has been brought to bear on the problem. However, 
although suitable globular microstructures can be 
produced in this way (an example is shown in Fig. 3), 
the process is subject to severe theoretical limitations 
and technical difficulties. In the former category come 
the constraints on production rate imposed by the com­
bined requirements of heat extraction and local shear 
stress, while the interrelationships between cooling rate, 
globule size and (effective) fraction solid mean that 
freedom to tailor the microsctructure is limited. Among 
the many technical problems are those arising from an 
inherent instability in process control, caused by the 
tendency for an increase in flow rate out of the rheo- 
caster to result in reduced slurry viscosity (encouraging 
more rapid flow). Difficulties such as these are recog­
nized by all who have been involved with the process, 
but, despite considerable interest, very little has 
emerged so far into the open literature in the way of 
alternative production routes.
*-
Figure 3 Typical rheocast structure, in this case for an A l-C u  alloy.
1059
Figure 4 Micrographs of (a) an aluminium powder and (b) the corresponding mixture with the A l-M g  powder (billet 1).
2. P o w d e r  p rocessing
2.1. Fabrication procedure
A route has been developed for fabrication o f metallic 
slurries, based on the premixing and compaction o f  
different powders. The technique has been termed 
consolidation o f mixed powders as synthetic slurry 
(COMPASS). The consolidation step involves melting 
some o f the material and compacting under pressure 
to eliminate porosity. A heat treatment stage can also 
be incorporated in order to generate the desired solute 
distribution. It would normally be considered desirable 
for the particles which are to remain solid to have an 
approximately spherical morphology. Within the 
limits o f powder availability and subject to the micro- 
structural changes taking place during consolidation, 
there is complete freedom to specify the size and volume 
fraction o f the globules and the compositions o f the 
globular and surrounding material.
Initial mixing is carried out in a liquid suspension 
medium. The constituent powders, together with 
any additional material such as fibres (see Section 4), 
are dispersed (in the selected proportion) in a suitable 
liquid (industrial methylated spirits was used in the 
present study) to form a suspension volume fraction 
o f the order o f 20%. This is then agitated (a standard 
domestic liquidizer was employed) for a few minutes 
and allowed to settle. Excess liquid is decanted off and 
the residue dried by gentle heating and exposure to 
vacuum. Much o f the work reported here is based on 
“globule powders” o f unalloyed aluminium, mixed 
with “matrix powders” o f A l-50 wt % Mg, the former 
being approximately spherical (depending on size and 
method o f production) and the latter exhibiting a 
facetted morphology. Fig. 4 compares the appearance 
of one o f the aluminium powders used with that o f the 
corresponding mixture.
The powder residue from the above operation is 
first cold-pressed to give a “green” compact. This is 
then heated (under argon) into the semisolid regime, 
decanted into a die held at about 300° C and immedi­
ately subjected to a directional pressure of about 
30 MPa for a couple o f minutes or so. This produces 
a sound, cylindrical billet 60 mm diameter, with a 
length o f around 75 mm, which could form the charge 
for a die-injection operation. Heating o f the green 
compact was carried out in a graphite crucible sub­
jected to r.f. heating and the necessity o f avoiding
excessive temperature differences within the melting 
mixture restricted heating rates to about 0.5 to 
1 K sec-1. As a result o f these features, the minimum 
total residence time in the semisolid regime during 
billet fabrication was typically of the order o f several 
minutes. In addition, a similar (perhaps slightly shorter) 
period would be necessary during subsequent reheating 
and injection into the die (see Section 5).
2.2. Specimen characterization
In an attempt to investigate a range of slurry structures, 
various sizes and morphologies o f globule powder 
were used, whereas a single grade of A l-50 wt%  Mg 
material was employed for the matrix material (which 
melts during processing). In addition, some exper­
iments were carried out with unmixed alloy powders. 
Table I gives details o f the powdered combinations 
referred to in this paper. (The parameter 2 is a mean 
aspect ratio.) Table II sets out subsequent thermal 
histories experienced by these specimens. (The f  ranges 
given are calculated values — see Section 3.1.) This is 
a small subset o f the complete experimental program.
Most o f the specimens prepared for optical micro­
scopy were viewed in polarized light after the appli­
cation o f an anodizing treatment, which reveals 
globule orientation information. Anodizing was carried 
out for about 40 sec in 5% fluoroboric acid, using a 
potential designed to give a high current density of the 
order o f 300 A m -2). Specimens for energy dispersive 
X-ray microanalysis were polished flat and analysed 
with an electron accelerating voltage of 10 kV. Die 
castings were subjected to several types of examination 
for soundness, including X-ray radiography.
2.3. Progress o f consolidation
The green compact was typically about 70% dense; 
Fig. 5a shows an illustrative structure. After heating 
to the semisolid regime, the magnesium-rich powder 
melts and surface tension forces drive the liquid to fill 
much of the interglobular space. It is apparent in 
Fig. 5b that melting o f the solute-rich material is 
rapidly followed by surface liquation o f the alu­
minium particles where there is contact with this liquid. 
This takes place as the system moves towards inter­
facial equilibrium (see next section). Hot pressing 
completes the envelopment o f the globules by solute- 
rich liquid, leading to very low porosity levels in the
1 0 6 0
ltiuviia punuu uispersoia
number
(wt % Mg)
d
Qim)
X /«
(%) (wt % Mg)
d
(nm)
X /»
(%)
Type d
( m )
X /d
(%)
1 0 90 1.2 80 50 150 5 20 _ _ _ _
2 0 90 1.2 80 50 150 5 20 - - - -
3 0 90 1.2 80 50 150 5 20 - - - -
4 0 90 1.2 80 50 150 5 20 - - - -
5 0 40 1.5 80 50 150 5 20 - - - -
6 0 40 1.5 80 50 150 5 20 - - - -
7 10 40 1 100 - - - - - - - -
8 10 40 1 100 - - - - - - - -
9 0 40 1.5 72 50 150 5 18 a i2o 3
fibre
3 150 10
10 0 40 1.5 72 50 150 5 18 A120 3
fibre
3 150 10
11 0 90 1.2 60 50 150 5 40 - - - -
12 0 10 1.3 80 50 150 5 20 - - - -
13 0 10 1.3 80 50 150 5 20 - - - -
final billet. A typical microstructure is shown in 
Fig. 6a. Thermal control is important and overheating 
can lead to partially dendritic structures of the type 
shown in Fig. 6b. (Globule size also plays an important 
role in this, as explained in Section 3.1). Certain billets 
were then subjected to further heat treatments prior to 
die casting. Details of the injection of the slurry into 
the die are covered in Section 5.
3. M icrostructural stab ility
3.1. Solute diffusion effects
An idealized version of the relavant portion of the 
Al-Mg phase diagram is shown in Fig. 7, on which 
the liquidus and solidus compositions at 750 K are 
indicated. A finite difference model was set up to 
describe the back-diffusion after interfacial equilib­
rium is established. The initial state is taken as liquid 
with a uniform composition of CL (liquidus for tem­
perature concerned) surrounding a solid sphere with 
an unchanged solute level in the interior, but a surface 
composition that had been raised to the solidus, Cs. 
Neglect of the transient between melting of the matrix 
powder and the attainment of this state is easily justi­
fied in terms of solute diffusion rates in the liquid, but 
takes no account of heat flow through the billet sec­
tion for cases where this transient involves melting a
substantial amount of globule powder. It can be 
shown that, partly as a result of the high thermal 
diffusivity of aluminium, this is not expected to delay 
the attainment of interfacial equilibrium for more 
than a short period (perhaps a minute or so). This 
delay might, however, be significant for fine powders. 
The system is composed of a solid sphere surrounded 
by a spherical shell of liquid. (A more geometrically 
accurate model would treat the liquid as something 
like a hollow tetrakaidecahedron, but the mathemat­
ical complexity introduced in this way is difficult to 
justify in view of other approximations implicit in the 
analysis.)
The appropriate form of the diffusion equation 
describing solute redistribution in the solid is:
dC
dt = A
d2Ps 2 dC 
dr2 ^ r dr (4)
assuming spherical symmetry and neglecting any com­
position dependence of the solute diffusivity, Ds. This 
is solved under the following boundary conditions:
C = Cg for r < r*, t = 0 (5)
C = CL for r > r*, t ^  0 (6)
C = Cs for r = r*, t ^  0 (7)
T A B L E  II Thermal histories
Billet
number
Hot pressing Heat treatment Die injection
T
(K)
t
(sec)
/ s (%) 
■1 =  0 t
T
(K)
t
(sec)
/ s  ( % )
t =  0 t
T
(K)
X
(sec)
/.-(% ) 
t =  0 t
1 823 250 ' 44 72 - - - - - - - -
2 - - - - 833 50 82 74 - - - -
3 823 250 44 72 - - - - - - - -
4 860 250 16 29 _ - - - - - - -
5 823 250 44 85 - - - - 850 200 60 50
6 823 250 44 85 837 7200 75 69 - - - -
7 823 250 85 85 - - - - 850 200 60 50
8 823 250 85 85 837 7200 68 68 - - - -
9 - - - - 823 250 44 85 - - - -
10 823 250 44 85 - - - - 865 200 40 25
11 750 200 35 45 - - - - 750 2000 45 55
12 - - - - 823 250 60 85 - - - -
13 823 250 60 85 - - - - 850 200 55 50
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Figure 5 Optical micrographs of billet 2 (a) after cold compaction, and (b) after subsequent heating to 833 K (without hot-pressing).
r* =  rg/ g_1/3(CL -  Cg)~ I/3
x [CL -  Cg/ g -  Cm( 1 -  / g)]1/3 for t =  0
(8)
dr* = A  /m
a/ (cL -  cs) ar
where rg, Cg and / g are the initial radius (=  t/g/2), 
composition and volume fraction of the globule 
material, Cm is the initial composition o f the matrix 
powder and r* is the instantaneous radius of the solid 
sphere. It is assumed that powder compositions and 
holding temperature will have been chosen such that 
attainment o f interfacial equilibrium will involve melt­
ing o f the matrix powder, plus some o f the globule 
powder. Any volume change associated with freezing/ 
melting is neglected. A finite difference reduction for­
mula derived from truncated Taylor series expansions 
was used and an explicit method employed to obtain 
the solutions. The system was assumed isothermal, 
with a diffusivity given by:
A  =  A  exp (-Q/RT) (10)
where D 0 and Q  for the A l-M g  system have approxi­
mate values o f 0 .1m 2 sec-1 and 175kJmol 1 [25]. 
Most o f the computations were carried out with 100 or 
200 volume elements spanning the domain. Fig. 8 
shows a typical radial concentration profile after a 
specified time for a given set o f conditions.
This model was used to explore the rate at which
different systems would approach the fully equilib­
rium condition (corresponding to a uniform com­
position in the solid phase) for which the solid fraction 
would be that given by the lever rule:
As expected, the predictions are sensitive to both tem­
perature and system dimensions. Fig. 9 shows / s as a 
function of time for three initial values of the globule 
diameter, at a temperature of 823 K (550° C). It should 
be noted that, for fine powders (d ^  50 /mi), the rise 
in f s from the value corresponding to interfacial equi­
librium (/ =  0) towards that o f the final state takes 
place very rapidly. The back-diffusion causing this will 
start to occur during the (neglected) transient asso­
ciated with melting of some o f the globule material 
(while interfacial equilibrium is being set up). The 
upshot o f this is that the fraction o f solid will probably 
not fall as far as the predicted minimum (t =  0) value 
with fine powders, which might thus be expected to be 
less susceptible to the effects o f accidental overheating 
than coarser mixtures.
If a value for the relaxation time, tT, defined in terms 
o f a 90% approach to the lever rule state
t  =  tT at / s =  ft =  0 .9 / s°° +  0.1/ s° (12)
is extracted for different cases, then a plot such as that 
of Fig. 10 may be constructed to highlight the effect o f  
size and temperature over the regime o f interest. In
Figure 6 Optical micrographs of hot-pressed billets: (a) billet 3, showing a normal COMPASS structure, and (b) billet 4, showing the effect 
o f overheating.
1 0 6 2
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Figure 7 A simplified version o f the aluminium-rich half o f the 
A l-M g phase diagram, showing the liquidus and solidus com­
positions at 750K.
general, at temperatures above abut 800 K, it is expec­
ted that lever rule conditions will be approached 
within the minimum processing time («5 to lOmin) 
for fine powder (d ^  70jtm) and only with coarse 
material (d ^  150 jum) will prolonged heat treatment 
be necessary to attain this state. However, these fig­
ures would be different for the lower processing tem­
peratures (»750K) which might be appropriate for 
more solute-enriched material, and in general it is 
clear that the sensitivity to T and d is such that most 
cases require individual computation. (Nevertheless, 
an obvious conclusion is that use of the Scheil equa­
tion is unjustified under most conditions.) In fact, 
these characteristics carry a convenient implication in 
terms of the processing of fine powders in that the 
volume fraction of solid (at a given temperature) can 
be accurately preselected simply by controlling the 
initial powder volume ratio and there need then be no 
concern about rigorous programming of the thermal 
history. Coarser material, on the other hand, might 
experience progressive changes in f  during prolonged 
isothermal treatment.
Experimental monitoring of the diffusional effects 
was undertaken via electron probe microanalysis. The 
approach adopted was to use the minimum com­
position detected to characterize progression of the 
back-diffusion. Measurements were taken near the 
centre of globules which appeared to have had a 
diameter close to the median for the specimen. This 
was repeated several times for different globules in an
0 volum e F r a c t io n  0.5 1
0.3
Fraction
0.2
tim e= 2  h
0 50 .. , N 100radius (pm)
Figure 8 Theoretical radial concentration profile for the case 
shown, 2 h after the attainment of interfacial equilibrium, indicating 
the volume element width for this particular computation.
0.8
0.7
0.5
t=o
0 1000500
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Figure 9 Predicted changes o f fraction solid with time as a result of 
back-diffusion. The curves are for the powder compositions and 
proportion shown, with three different values for the initial 
(premelting) diameter of the globule particles. The construction for 
estimating the relaxation time tr is shown for the 100 nm case.
attempt to minimize errors arising from uncertainties 
about the sectioning geometry. Fig. 11 shows a typical 
microprobe trace, superimposed on a micrograph 
with the corresponding scan line marked. As a general 
verification of the validity of the back-diffusion 
model, Fig. 12 compares theoretical curves for the 
changing magnitude of Cmin (the centre-point com­
position) with a number of experimental values (each 
of which is derived from several scans), referring 
to globules in two size ranges which had undergone 
specific heat treatments.
5000
C = 0
c =0.5
4000
3000
T - 750 K, C=0.2
2000
1000
T-823 K, C=0.1
2001000
c/[\lm)
Figure 10 Predicted dependence o f relaxation time on original pow­
der diameter for two holding temperatures.
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Figure 11 Typical microprobe trace across the centre of a globule 
(from billet 3).
3.2. Coarsening effects
The stability of the globule array in the semisolid 
regime was investigated for a range of conditions. In 
addition to the effect o f back-diffusion, there is 
obviously a driving force for reduction o f interfacial 
area and consequently a tendency for agglomeration 
and liquid entrapment to take place. This is, o f course, 
a field which has been extensively investigated in sin­
tering studies [26-31]: there is not, however, a vast 
amount o f information relating to the high fractions 
of liquid ( ~ 3 0  to 60%) which concern us here, 
although the work of Voorhees and Glicksman [28] 
(on changes in size distribution over a wide range of  
phase proportions) is o f relevance.
In general, it was found that the globule structure 
tended to remain morphologically stable over the 
timescale for which the billets were in the semisolid 
regime during normal processing (^ 15m in ). For 
example, Fig. 13 compares original globule appear­
ance with the hot-pressed and die-cast structures for a
0.08 -
T -823 Kmin-
0.06-:
C  = 0.5
f =0.8
C  = 0.1
0.04
</=250 pm
0.02
Experiment
t (sec)
Figure 12 Comparison between the predicted curves for three orig­
inal globule sizes, giving the variation of Cmin (centre-point com­
position) as a function of holding time at 823 K, and experimental 
points corresponding to specific times at around this temperature.
<_»UL1W11 V. ' ' » vy ivy , ^     0 --------
might have been expected to be most pronounced. It 
is clear that dramatic changes in the globule size distri­
bution have not taken place. However, extended treat­
ments do have significant effects. For example, Fig. 14 
shows material from the same mixture after being held 
in the semisolid regime for a period of 2h. Although 
some increase in mean globule size is apparent, it may 
be noted that the rounded morphology is maintained, 
and isolation o f liquid pockets has not occurred to 
any great extent. Comparison with theory, such as 
classical Lifshitz and Slyozov [32] and Wagner [33] 
treatment of Ostwald ripening, would require more 
systematic data, but it seems likely that particle 
agglomeration and coalescence is playing a significant 
role in the overall coarsening behaviour in the present 
case.
Rather more liquid entrapment arose in some o f the 
experiments with alloy powders. For example, some 
work was done using gas-atomized A l-10w t%  Mg 
powder which had undergone fairly rapid solidifi­
cation. The internal structure o f this material, shown 
in Fig. 15a, is composed of fine dendrites (arm spacing 
«  0.5 /zm). The magnesium-rich interdendritic
material melts on reheating and the very short dif­
fusion distrances ensure that the fraction of solid 
immediately approaches that dictated by the lever 
rule. Much of the liquid tends to find its way to the 
interglobular interstices, so that it is possible to 
produce a suitable slurry by heating such powder 
without any mixing stage. However, although this is 
an attractive method, it can be seen in Fig. 15b that a 
significant amount of liquid tends to collect in pockets 
within the original spheres and this entrapment is 
probably undesirable for reasons outlined earlier. 
Further work is needed to clarify the significance of  
this effect in practical terms. It would appear from 
Fig. 15c that some o f the entrapped liquid finds its way 
to the interglobular regions during extended heat 
treatment, although this is accompanied by consider­
able overall coarsening.
4. Composite fabrication
Discontinuous fibres, or other dispersoids, are easily 
incorporated at the wet blending stage and a number 
of such additions have been made. Some of these, 
particularly fibrous materials, often show a tendency 
to agglomerate, but it is usually possible to counter 
this by powder grade selection, by sizing and screening 
of the dispersoid and by control o f the blending con­
ditions. Fig. 16a shows a typical blended mixture, con­
taining in this case an aluminium globule powder, an 
A l-50w t%  Mg matrix powder and a fine <5-alumina 
fibre. (The fibre employed in the work described here 
was the ICI “Saffil” product. The use of this in metal 
matrix composites is described by Clyne et al. [34].) A 
feature apparent here is that the fibres, which were 
first milled and sized to an average length o f around 
500 /mi, have not suffered catastrophic damage during 
the blending, although the mean aspect ratio has 
dropped somewhat.
However, during subsequent billet production,
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there is a tendency for considerable fibre fracture to 
occur. This takes place primarily during the cold com­
paction process. (It may be noted that this stage is 
probably not essential, and was incorporated in the 
present work primarily because of difficulties in fitting 
enough o f the uncompacted semisolid mixture to form 
a single die-casting charge into the hot die). Fig. 16b 
shows the surface of a cold-pressed piece that had 
been heated to the semisolid regime. The fibre aspect 
ratio has now been considerably reduced. In any 
event, it proved possible to produce composite billets 
in which the fibres were uniformly distributed and well 
bonded to the surrounding metal, as shown in Fig. 
16c. It may be noted that, although regions o f slight 
fibre depletion or accumulation sometimes appeared 
in the billets, such inhomogeneities tended to be elim­
inated during the die-injection process (see next 
section).
Figure 14 Optical micrograph of billet 6, which had been heat 
treated for 2h  at 837 K.
Figure 13 (a) Scanning electron micrograph of one of the globule 
powders used, (b) optical micrograph of a hot-pressed billet sub­
sequently produced (billet 5), and (c) optical micrograph of final 
die-casting obtained from billet 5.
5. Die injection
Billets produced by the methods described were 
preheated to selected temperatures in the semisolid 
regime and injected* into a die in the form o f an 
integral web and arm o f a bicycle pedal crank. The 
die-casting machine was a “RedRing” model. The 
operation was carried out with ram velocities o f the 
order o f 3m sec^'. An early pressure intensification 
stage was implemented (aimed at facilitating gate 
entry), which raised the pressure in the hydraulic sys­
tem to about 30 MPa. The shot sleeve was a cylinder 
of 60 mm diameter, while the ingate cross-sectional 
area was about 200 mm2, implying a gate entry vel­
ocity of about 45m sec^ ‘. A typical strain rate on die 
entry (averaged over the gate section) would thus be of 
the order o f 103sec '. The die temperature was main­
tained at about 280° C by passing heated oil through 
channels in selected locations.
A die-cast microstructure is shown in Fig. 17, 
together with a view o f the suface finish typically 
obtained. In general, by selection o f a suitable charge 
temperature (and thus fraction o f solid), it is possible 
to obtain sound castings with a globular slurry, 
although it should be emphasized that the gating 
design is not one which has been optimized for slurry 
casting. (Such optimization would cater for the 
reduced capacity for converging streams to fuse suc­
cessfully, when compared with a fully liquid charge.)
One phenomenon that is noticeably characteristic 
o f slurry die casting is enhancement o f fraction liquid 
in certain locations near the casting surface, generat­
ing a form o f solute macrosegregation. This can lead 
to microstructures o f the type shown in Fig. 18. It may 
be noted that a similar type o f macrosegregation (sol­
ute enrichment near heat-extracting surfaces) is fre­
quently observed in conventional casting [35, 36] 
(although it is rarely pronounced in die-casting). The 
mechanism in such cases involves interdendritic fluid 
flow, primarily as a result o f the volume contraction 
on freezing. In slurry injection, however, the mechan­
ism is different, although it has not yet been identified 
in detail. The most likely explanations are either that 
the liquid is being squeezed through an assembly of
*The die-casting operations were carried out at Fulmer Research Laboratories.
[lOOumj
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globules rendered relatively immobile near the end of 
die-filling by interglobular welding, or that the sharp 
gradient o f strain rate near the periphery of the flow 
cross-section has driven globules towards the centre, 
generating a type o f central “plug flow” surrounded 
by a globule-depleted annulus accomodating most of
Figure 15 Optical micrographs showing structures based on a single 
grade of Al-10 wt % Mg powder, (a) as-received (gas atomized), (b) 
die-cast (billet 7), and (c) heat treated for 2h  at 837 K (billet 8).
the shear strain. It is possible that both mechanisms 
are significant, the former coming into play on filling 
re-entrants, and the latter operative in straight sec­
tions of the die.
However, it is important to recognize the role of 
fraction solid and globule size in controlling the nature 
of such flow phenomena. Fig. 19 shows structures 
produced with a very fine globule powder (8 to 15 ^m). 
Fig. 19a shows a cold pressed structure after brief 
heating into the semisolid region: it is noticeable that 
the molten magnesium-rich material has rapidly pene­
trated the fine interglobular spaces, despite the large 
disparity in size between the two powders, even with­
out the assistance o f pressure. After hot-pressing and 
die injection, the final microstructure is shown in Fig. 
19b. It can be seen that globule depopulation near the 
casting surface is virtually absent, in contrast to 
products from coarser powders. The homogeneity of 
globule distribution in die-castings was quite striking 
for globule sizes below about 40 nm. It is interesting to 
note that in this context that a comparably fine 
globule structure has never been generated by the 
rheocasting method.
Finally, Fig. 20 shows at low magnification a typical 
die-casting structure resulting when fibres were incor­
porated in the mixture. It was noticeable that the
Figure 16 Structures from a mixture of two types of powder with 
alumina fibre, (a) Scanning electron micrograph of as-blended mix­
ture, (b) scanning electron micrograph of billet 9, a cold-pressed 
blend after heating to the semisolid regime (but without hot press­
ing), and (c) optical micrograph of hot-pressed billet (billet 10).
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mm
Figure 17 Typical appearance of die-castings. (a) Microstructure (billet 5) and (b) surface finish (billet 11).
overal distribution o f fibres in the castings was sur­
prisingly uniform (and randomly oriented) — indeed, 
it was consistently more homogeneous even than that 
in the hot-pressed billets. The only exception to this 
was an accumulation o f fibre around the throat to the 
ingate area, which occurred in some castings. There 
were no obvious areas o f fibre denudation. However, 
it must be noted that the fibre lengths were very short 
in these experiments (see Fig. 16b). It is not clear 
whether higher aspect ratio fibres in the charge (which 
could probably be produced by omitting the cold- 
pressing step) would become badly damaged during 
die injection and, if not, whether longer fibres would 
impede the fluid flow catastrophically or become 
inhomogeneously distributed in the casting. It is likely
.100
Figure 18 Optical micrograph of a section from a die-casting (from 
billet 7), showing the tendency for reduced globule populations to 
be generated near the casting surface.
that such problems will not prove insurmountable, 
and further work is needed in this area. In general, 
injection o f slurries containing significant levels of 
fibre ( ^  10% by volume) appears to require no special 
precautions other than a somewhat lower fraction of 
solid than would otherwise be used. Injection of 
material with higher fibre loadings than this has not 
yet been explored, but may well prove to be possible.
6. Discussion and conclusions
An indication has been given of how the processing of 
metals in the form of a semisolid slurry may confer 
advantages in terms of the ease, versatility and effi­
ciency o f fabrication, when compared with conven­
tional solidification or deformation technology. These 
advantages are most effectively exploited if the slurry 
can be produced with a microstructure composed of 
globular (non-dendritic) solid suspended in a suitable 
liquid. The manufacture of such slurries has in the past 
been approached by dendrite fragmentation during 
solidification, most commonly via the continuous 
mechanical stimulation of localized shear. The tech­
niques for doing this are subject to several limitations 
and the present article has explored certain features of  
an alternative method o f producing suitable slurries, 
based on the mixing and heating o f powders.
It has been shown that slurry microstructures can 
be tailored in a versatile fashion. Globule diameters 
ranging from 10 to 200 ^m have been generated and 
the volume fraction o f solid can be accurately 
preselected over this range. Control o f the fraction 
solid is important in view o f its influence on the slurry 
viscosity (which must be regulated with precision if 
processing is to be successful). In the present case, this 
is determined by the temperature and by the extent of  
solute back-diffusion in the solid towards the globule 
centres. Investigation o f this latter aspect has indicated 
a strong dependence on globule size, with neither the 
Scheil equation nor the lever rule universally applic­
able. In general, it has been found that appropriate 
selection o f powder grades, compositions and con­
solidation conditions can lead to production o f slur­
ries with the desired microstructural features. These 
have, in turn, been used to produce die-castings with 
results which suggest that the technique may prove 
useful industrially. From these investigations, the fol­
lowing points have emerged.
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Figure 19 Structural development of a material containing very fine powder O  8 to 15 jum), (a) cold-pressed material after heating to the 
semisolid regime (billet 12), and (b) die-casting, near the surface (billet 13).
1. A relatively fine globule size ( « 1 0  to 40 /im 
diameter) may be desirable for the following reasons:
(a) the system is then less prone to excessive 
transient melting as a result o f slight overheating;
(b) the system rapidly approaches the condition 
dictated by the lever rule for the temperature concer­
ned, allowing close control o f the fraction o f solid 
without the necessity of precisely programming the 
thermal history;
(c) there is a reduced incidence of globule 
depletion (and thus solute macrosegregation) in those 
regions o f a die-casting prone to flow inhomogenei­
ties. It may be that flow in constrained regions such as 
re-entrants and orifices is easier with smaller globules;
(d) if a ceramic dispersoid is incorporated in the 
original mixture, then its distribution tends to be more 
uniform and homogeneous.
2. The Scheil equation should not be used to predict 
the fraction solid at a given temperature in the 
semisolid regime (either during conventional rheocast- 
ing or for the present method o f slurry production) 
unless the globule size is unusually coarse ( ^  200 /an). 
In general, many cases will fall between Scheil and 
lever rule conditions and numerical computation is 
then necessary to explore the behaviour.
3. Coarsening rates are relatively slow, even with 
fine globules, and the structure changes little over the 
period corresponding to the minimum time in the 
semisolid regime for the route presented ( «  lOmin).
Figure 20 Typical microstructure of a die-casting containing fibre 
reinforcement (from billet 10).
4. The incorporation o f ceramic fibres or other dis- 
persoids can be achieved with little modification to the 
basic technique. Fibre damage was considerable, but 
this occurs during a cold pressing operation which is 
not considered to be an essential step in the process.
5. The incidence o f m icrostructural or m acrostruc- 
tural defects can be low, both in the consolidated billet 
and in the finished die-casting. F or example, the level 
o f oxide in the products appeared from m icrostruc­
tural exam ination to be minimal.
6. The process can also be carried out with a single 
grade of alloy powder, although in this case the 
incidence o f entrapped liquid appeared to be relatively 
high and this is expected to be undesirable.
7. The solute-enriched powder, which melts during 
processing, need not be very intimately mixed with, or 
be o f a similar size to, the globule powder, as liquid 
infiltration o f the globule array appears to take place 
very readily.
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